aps CHCRUS

physics

This is the accepted manuscript made available via CHORUS. The article has been
published as:

Transitions in the morphology and critical stresses of
gliding dislocations in multiprincipal element alloys
Lauren T. W. Fey, Shuozhi Xu, Yanqging Su, Abigail Hunter, and Irene J. Beyerlein
Phys. Rev. Materials 6, 013605 — Published 7 January 2022
DOI: 10.1103/PhysRevMaterials.6.013605


https://dx.doi.org/10.1103/PhysRevMaterials.6.013605

Transitions in the morphology and critical stresses of gliding

dislocations in multi-principal element alloys

Lauren T.W. Fey,2-* Shuozhi Xu,® Yanqing Su,* Abigail Hunter,? and Irene J. Beyerlein':?

' Materials Department, University of California,
Santa Barbara, Santa Barbara, CA
2X Computational Physics Division,

Los Alamos National Laboratory, Los Alamos, NM

3 Department of Mechanical Engineering,
Unwersity of California, Santa Barbara, Santa Barbara, CA
4 Department of Mechanical and Aerospace Engineering, Utah State University, Logan, UT
(Dated: December 23, 2021)



Abstract

Refractory multi-principal element alloys (MPEAs) are promising material candidates for high-
temperature, high-strength applications. However, their deformation mechanisms, particularly at
the dislocation-scale, are unusual compared to those of conventional alloys, making it challenging
to understand the origin of their high strength. Here, using an atomistically informed phase-
field dislocation dynamics model, we study transitions in the morphology and critical stresses of
long gliding screw dislocations over extended distances in a refractory MPEA. The model MPEA
crystal accounts for the atomic-scale fluctuations in chemical composition across the glide planes
via spatially correlated lattice energies and for the differences in glide resistances between screw
and edge dislocations of unit length. We show that the dislocation moves in a stop/start motion,
alternating between wavy morphology in free flight and nearly recovered straight screw orientation
in full arrest. The periods of wavy glide are due to variable kink-pair formation and migration
rates along the length, where portions with higher rates glide more quickly. The critical stress to
initiate motion corresponds to the stress required to form and migrate a kink-pair at the weakest
region along the length of the dislocation. Heterogeneity in lattice energy leads to variability in the
local stress-strain response and to a strain hardening-like response, in which the critical stress to
re-activate glide increases with glide distance. Statistical assessment of hundreds of realizations of
dislocations indicates that the amount of hardening directly scales with the dispersion in underlying

lattice energy.

I. INTRODUCTION

Multi-principal element alloys (MPEAs), comprised of nearly equal fractions of three
or more metallic elements, exhibit superior strengths, reaching values far outweighing a
weighted fraction of the strengths of the constituent elements. Gaining special interest for
harnessing these high strengths in high temperatures are refractory MPEAs, which are a
subset of MPEAs that are composed primarily of refractory elements and form a chemically
disordered body-centered cubic (BCC) solid solution [1-4]. The strength of a metal is closely

linked to the critical stress to move a dislocation through the lattice. Several computational
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methods, ranging from atomistic simulation to continuum based dislocation dynamics simu-
lation have been employed to calculate this fundamental critical stress in MPEAs [5-7], and
although the approaches and measures used among them vary, they consistently report that
moving a dislocation in an MPEA is harder than in the pure refractory metal. However,
identifying the origin of strengthening based on a single moving dislocation is not straight-
forward due to their complex interactions with other dislocations and defects and, especially

in MPEAs, peculiarities in the active dislocation mechanisms [8].

Atomic-scale simulation and experimental studies have shown that dislocations in MPEAs
behave differently than in pure refractory metals or conventional, dilute refractory alloys
[9, 10]. Due to the atomic-scale fluctuations in chemical composition in the glide planes
of the dislocations, the critical stress is no longer deterministic and scale invariant, but
depends on the length and location of the dislocation [11]. Atomic-scale simulations have
shown that the local chemical changes result in a variable dislocation core structure along its
line, causing the Peierls (lattice friction) stress for dislocation glide to concomitantly change
along the dislocation line [5, 12-16]. As an analogous measure to the Peierls stress for pure
metals, atomistic calculations were carried out on a short unit segment (3b—4b in length) to
define the local slip resistance (LSRs) in a ternary MPEA MoNbTi [17]. The LSRs varied
substantially with a 60% coefficient of variation among dislocations in different locations in

the material.

Simulations of longer dislocations using atomistic or mesoscale dislocation dynamics
methods have shown that mechanisms for dislocation glide are also unusual [9, 11]. In pure
BCC metals, the edge-character dislocations move easily compared to the screw-character
ones, where the screw-to-edge ratio in critical stress ranges from 10% to 10 [18-20]. Screw
dislocations move by the formation and migration of kink-pairs, straightening after every
kink-pair event and lying in wait for the next kink-pair event to occur [21-23]. Long (> 100b)
straight screw dislocations are often seen in post mortem microscopy of deformed BCC met-
als [23, 24]. In contrast, compared to dislocations in conventional metals, the dislocation
motion seen in molecular dynamics (MD), mesoscale dislocation simulations or in-situ or
ex-situ microscopy studies for a wide range of MPEAs, has been variously called wavy,
tortuous, or jerky and for both edge and screw dislocations alike [5, 9, 11, 12, 25-27]. Dislo-
cation waviness is generally understood to be a consequence of the variation in local lattice

distortion, bond strengths, and dislocation core structure due to the atomic-scale variation



in chemical composition. The statistically harder areas for the dislocation to shear serve as
local pinning points and the dislocation bows between them, leading to the wavy appearance
or pin/depinning jerky glide. Many MD simulation studies also have reported that the parts
of a moving screw dislocation will locally cross slip onto other {110} planes, resulting in
cross-kink pairs, which can also cause a wavy morphology and jerky motion [5, 14, 28, 29].

Another peculiarity emerging from MD simulations as a characteristic of dislocations in
MPEAs is the markedly lower screw-to-edge ratio in critical stress. Values range from 2 to
10, easily an order of magnitude lower than that in pure metals [5, 17, 30]. Both the short
segments used in the LSR calculations and the longer segments in the wavy glide calculations
find screw-to-edge ratios in this range, indicating that the reduction cannot be attributed
to dislocation lengths. As a final oddity worth mentioning, a recent study of the refractory
MPEA MoNbTi found that dislocation slip occurred predominantly on the higher-order
{123} and {134} planes [27]. This is unexpected, as dislocation glide in pure BCC metals is
typically attributed to the lower-order {110} and {112} planes [31, 32]. Apart from the LSR
studies on MoNbTi [17, 27], most MD simulations of dislocations in BCC MPEAs studied
glide on the {110} plane.

Because of the computational costs, many of these studies simulated a few dislocation
samples moving over short distances. While a few instances can be sufficient for gleaning
unusual mechanisms, the substantial variability in critical stress makes it challenging to
understand relationship of unusual motion and the critical stress without statistically sig-
nificant data and statistical analysis. Furthermore, due in part to the waviness, no standard
method for defining the critical stress has been adopted. Some studies associate the critical
stress to the threshold stress to initiate motion or to move a prescribed dislocation length
over a prescribed distance. In the case of the LSR calculations, the short segments of the
screw dislocations intentionally precluded study of kink-pair formation and migration.

Mesoscale dislocation dynamics methods provide a simulation framework for studying
dislocation behavior in crystalline materials. For refractory MPEAs, Peierls-Nabarro (PN)
and phase field dislocation dynamics (PFDD) have been used [6, 11, 33]. The PN study
considered a general dislocation moving in a plane with variable misfit energies over specified
correlation length. The variable misfit energy creates variable Peierls stress, and the greater
variation in Peierls stress in an MPEA produced a critical stress for dislocation glide higher

than that of the constituent elements [6]. PFDD is an energy-based, mesoscale dislocation
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model that can reach the necessary length scales and number of simulations to study com-
plex and statistical dislocation behavior [34, 35]. While atomistic simulations require fitted
interatomic potentials for multi-component systems [36], PFDD can directly incorporate
data on lattice energies from first principles calculations [37]. PFDD was previously used to
study the statistical behavior of a Frank-Read (FR) source on the {110} plane in MoNbTi,
a refractory MPEA | importing ab initio data on the local variation in lattice energy into the
calculation [11]. The variation was so great that to extract the effect of FR source length and

local clustering on FR source activation stresses, thousands of realizations were required.

In this work, using PFDD, we study the role of screw-to-edge ratio and lattice energy
distribution on the morphological transitions and evolution of the critical stresses to move
long screw dislocations in a refractory MPEA. We also calculate the critical stresses to form
dislocation loops from screw-oriented FR sources. In constructing the MPEA crystal, we
use generalized stacking fault energies of different areas in bulk random equimolar MoNbT1i
calculated from DFT to take into account the effects of chemical, distortional, and configu-
rational fluctuations on local bonding and lattice energies. Because at the nano-scale on any
given atomic glide plane, the elemental distribution cannot be truly uniformly random, we
presume some amount of random local clustering without thermodynamic driven pairings.
For completeness, calculations treat a range of correlation lengths, in which the extent of
the local chemical clustering is short, less than 1 nm, to relatively long, 6 nm. Respecting
the statistical nature of the underlying chemistry, hundreds of realizations are performed,

each over extended glide distances, hundred times the width of the dislocation core.

We show that under mechanical straining, dislocation motion is described by successive
intervals of wavy glide when the dislocation is gliding freely followed by full arrest when the
dislocation nearly recovers its screw orientation. This glide mechanism leads to strengthen-
ing, in which the critical stress to re-activate motion increases with glide distance. Statistical
assessment indicates that the amount of hardening directly scales with the dispersion in the
underlying lattice energy distribution, in magnitude and in correlation length. Our analysis
explains that motion initiates at the weakest region to form and migrate a kink-pair and
stops when the entire region along the dislocation is too strong to initiate and migrate one.
Unlike screw dislocation glide within its pure constituents, in the MPEA, the temperature
is not responsible for kink-pair formation and the critical resolved stress would not increase

with glide. These findings are based on characteristics fundamental to MPEAs and explain



why MPEAs behave differently than their pure constituents.

II. METHODS
A. PFDD Formulation

In PFDD, the order parameter field, ¢(r), is associated with a unit amount of slip by one
Burgers vector on a given slip system, where r = (z,y, z) is position in 3D crystal [34, 38].
The ¢(r) field indicates whether or not a point has been slipped by a perfect dislocation,
with ¢(r) = 0 or 1 corresponding to region that is unslipped or slipped by one Burgers
vector, respectively. The interface between slipped and unslipped regions, corresponding to
fractional values of ¢(r), represents the dislocation line and the width of this interface the
extent of the dislocation core.

The total energy density of the system ) is comprised of three components:

1/1(@ ¢) = welas(€7 qb) + ¢latt(¢) - wext(qb) (1)

where € is the total strain. 1..s(€, @) is the elastic strain energy, which in this system results
from the elastic strain produced by the dislocation Burgers vector along the dislocation line
and elastic interaction among parts of the dislocation line. 11, (¢) is the lattice energy, the
excess energy cost in breaking and reforming of atomic bonds as the slip plane is displaced
relative to the adjacent plane. e (¢) is the work done under an externally applied stress.
The derivation of each energy term based on ¢(r) has been given elsewhere [35, 38].

The elastic energy density is expressed as

Yuns(€.6) = 5(€ — (9)) - Cle — €(6)) ¢l

where €P(¢) is the plastic strain. The elastic stiffness tensor C considers the cubic elastic
anisotropy of the material [39].

The lattice energy has been related to the v surface, the excess potential energy per unit
area to displace one half crystal with respect to the other across a plane [40]. For refractory
metals, as well as refractory MPEAs, DFT and MD calculations find that the stacking fault
energy along the (111) slip direction for all slip planes can be described reasonably well by
Vst sinz(wgb), where 7, is the peak barrier, referred to as the unstable stacking fault energy

(USFE) [41-44].



In PFDD, the lattice energy per unit volume for BCC metals is given by

ie() = 258D () v ) ®)

where d, is the interplanar spacing. For the (hkl) plane, the interplanar spacing is d, =
ag/Vh? + k% + 2, where qq is the lattice parameter. The USFE is a function of the position
due to the random nature of an MPEA. The scaling function 5(f) accounts for variation
in lattice energy with the character of the dislocation, which is identified by the character
angle, 6. This is the angle between the dislocation line direction and the Burgers vector,
thus, for a screw dislocation, # = 0 and for an edge dislocation, § = 7/2. Due to its non-
planar core, a screw dislocation has the highest barrier [45], whereas the edge dislocation,
with its planar core, has the lowest. The barriers for mixed dislocations, with both edge
and screw components, lie in-between. To reflect these character-dependent core effects, we

assume a continuous (6) taking on the following form [11],

B(6) = (1 - }lz) cos” 6 + %, (4)

where R = Ogerew/Oedge; the ratio of the Peierls stress for screw to edge.

Finally, the work done by the gliding dislocation under the applied load is

7#ext = Oapp * ep(¢) (5>

where o, is the applied stress tensor.

The order parameters evolve towards equilibrium via the Ginzburg-Landau equation:

¢ = —moOyy (6)

where myq is the Ginzburg-Landau coefficient. This form neglects thermal noise and the
effects of temperature on dislocation drag. Randomness in dislocation motion resulting

from temperature will be discussed at the end.

B. Dislocation set up

We simulate dislocation motion in a single crystal that is oriented such that the z and
y axes lie in the slip plane and the z axis is aligned with the slip plane normal. The

computational grid is orthogonal and the grid points coincide as closely as possible with
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the atomic positions [46]. Accordingly, the grid spacings in each direction depend on the
slip plane being simulated. Previous work has shown that matching the grid points with
the lattice points yields the best agreement with molecular statics (MS) calculations for
dislocation cores [47]. Table I summarizes the grid spacings, where d, and d, are the

spacings within the slip plane and d,, the interplanar spacing.

To study dislocation loop formation, we insert an FR source on the slip plane, using
the method described in previous PFDD models [11, 46]. In all calculations, the length of
the source is 200 and its Burgers vector is (ag/2)[111] and its plane lies in the center of
the crystal. Both screw-oriented and edge-oriented sources are considered. We employ 3D
periodic boundary conditions and a computational grid size of 128 x 128 x 128. This cell
size has been shown previously to yield negligible effects of image dislocations present due to
the periodic boundary conditions for sources of this length [11, 46]. A shear stress is applied
in the slip plane and directed along the Burgers vector. Thus, the plane on which the FR
source lies is the maximum resolved shear stress plane (MRSSP). The applied shear stress
is raised in increments of 0.001x (where p is the isotropic Voigt averaged shear modulus
and is equal to 43 GPa) until the source activates, after which it is held constant. At each
stress increment, the solution procedure is run until convergence, which is defined as when
the norm of the change in order parameters is less than 107> between successive time steps.

For convergence, the quantity moAt, where At is the time step, is set to 0.05u~L.

To study long dislocation propagation, a screw-dislocation dipole with (ag/2)[111] Burgers
vector is inserted onto the slip plane lying in the center of the crystal. The simulation cell
dimensions are 256 x 128 x 128, and periodic boundary conditions are employed in all three
directions. The length in x is doubled to extend the distance the dislocations can glide. The
dislocation is 128 b long within the periodic cell, and the dipole separation is 64 grid points
in the x direction. A symmetrical USFE surface mirrored over the line x = 128 is used such
that the two parallel dislocations experience identical USFE landscapes during glide. The
applied shear stress is aligned with the plane of the dislocation and in the direction of its
Burgers vector, making the plane of the dislocation the MRSSP. Application of the stress

and solution procedure are the same as described previously for loop formation.



C. MPEA MoNDbTi properties

For the MPEA, we need the elastic moduli tensor C and lattice parameter aq for the bulk
material, the spatial distribution of ¥y (¢)(x,y), and the ratio R between screw to edge
dislocations for a given type of slip plane. From DFT calculations, MoNbTi is BCC with
ap = 3.225 A and exhibits cubic elastic anisotropy with constants C; = 252.13 GPa, (5 =
134.11 GPa, and Cy4 = 32.41 GPa [48].

In an MPEA, the ¥.(¢)(z,y) fluctuates in (z,y) over atomic-scale dimensions across a
given plane. Here we build several statistical realizations of glide planes over 40 nm in side
length that are spatially heterogeneous in lattice resistance and in the extent over which
the local lattice resistance prevails. The lattice resistance to shear a plane involves breaking
bonds and depends on the strength of the atomic bonds that straddle a particular glide
plane. The model MPEA we consider is an ideally random, equi-molar MoNbTi with no
local chemical short-range ordering. However, at the scale of an elementary dislocation seg-
ment, a few Burgers vectors in length, the composition and configuration of atomic elements
and hence lattice distortion varies spatially [49], causing the lattice resistance to fluctuate
concomitantly. Obtaining the lattice energy necessarily then calls for atomistic calculations,
preferably ones that depend on the electronic structure but nevertheless account for the lat-
tice distortion and chemical composition effects on bonding across the crystallographic plane
of interest [50]. Atomistic studies of the solute-dislocation interaction energy in refractory
MPEAs have shown that the energy change due to a solute atom near a dislocation is well

approximated by the change in USFE due to that solute atom [51, 52].

For the USFE distributions in MoNbTi for the PFDD calculations to follow, we take
these values from DFT and MS calculations reported recently for MoNbT1 [48]. In brief, the
calculations begin with a 3D special quasi-random structure of the MoNbTi. The ~v-curves
are calculated for a given plane with a cross-sectional area of 30 to 60b%, several times wider
than the magnitude of the Burgers vector and longer than a complete lattice translation
vector. The calculations were repeated for a sampling of 10-30 distinct areas in the volume
for each plane type.

With USFE distributions in hand, we need to specify the region over which the local USFE
extends. For this, we employ a correlated surface method introduced in Ref. [11] for MPEAsS,

which builds upon a methodology for generating correlated rough surfaces presented in



Ref. [53]. We refer the reader to these references for details. The method requires continuous
USFE distributions for input, for which we choose the Gaussian distribution, which will be
described shortly. An important physical length scale of the method is the correlation length
[, which represents the extent of the local lattice energy in plane, or specifically, the distance
two neighboring regions of distinct lattice energy are correlated more than 10%. The method
allows for the lattice energy to vary smoothly in plane, avoiding any artificial modeling of
phase boundaries. Since [ is unknown but yet an unavoidable consequence of the atomic
composition of MPEAs, we repeat calculations for [ ranging from 1wy to 20wy, where wy is
the average core width of the dislocation in an average MoNbTi alloy on the {110} plane,
2.150 [11]. The [ range spans from one-tenth to twice the length of the FR source and
approximately one-hundredth to one-fifth the length of the screw dislocation. Thus, any
profound influence of [ ought to emerge in the simulations to come. Since we do not claim
to account for chemical short range ordering (CSRO), the value of [ is not associated with
a particular chemical composition or temperature-time processing method. But as of late,
the CSRO effect could arguably be a critically important factor, a point we will return to
in Section IV.

1200 -

1000 -

800 -

USFE (m)/m?)

600

400 A

{1i0} {1i2} {12I3} {1§4}

FIG. 1. The USFE values calculated with DFT for each slip plane type and the normal distributions
incorporated into the PFDD calculations. The mean and standard deviation for each plane are
shown by the white point and error bars, respectively. The lighter colored points represent the

bottom 20% of each distribution, where athermal kink-pairs are likely to be nucleated.
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To build hundreds of realizations of correlated USFE slip planes for our PFDD simu-
lations, we fit a Gaussian distribution function to each discrete USFE data set provided
by atomistic simulation. Figure 1 presents our Gaussian distribution fits along with the
discrete USFE distributions. The plane types exhibit USFE distributions distinct in mean
and standard deviation, which are summarized in Table I. For a pure metal, the USFE is
often used to infer the preferred slip plane for dislocation glide [54, 55]. If we were to use
the mean value, the {110} plane is the easiest and the {123} plane the hardest, a ranking
not unexpected for a pure metal. Yet, we find that in MoNbTi, the coefficient of variations
among these planes are not the same. Since the USFEs are widely distributed and dissim-
ilar, we remark also the lower tails of these distributions, which follow a different ranking,
suggesting that these planes are more similar in their weaker regions than the mean value
would suggest. The 20% lower quantile, for instance, which is shaded a lighter hue in Figure
1, starts at 775 MPa, 760 MPa, 745 MPa, and 660 MPa, for the {112}, {123}, {134}, and
{110} planes, respectively.

Finally we determine an appropriate value for R for each plane based on atomic-scale
calculated data of MoNbTi. R is commonly associated with ratio of the Peierls stresses for
screw and edge dislocations of unit length. However, in an MPEA, the equivalent stress to
the Peierls stress is not independent of length or location as in a pure metal. For this reason,
it was called a local slip resistance (LSR) [27]. In prior work, using atomistic simulations,
the LSR for a unit screw piece and edge piece less than 1 nm in length were calculated at
different regions in a uniformly random volume of MoNbTi [17, 27]. The segment length
modeled was intentionally made short so that the dislocation remains straight as it moves
along the lattice vector in the plane, as in a classic Peierls stress calculation. Importantly,
for the screw dislocation, this length is shorter than the width of a kink pair [45]. For
our calculations, R is taken as the ratio of the average screw to edge LSR and the plane-
dependent R values are summarized in Table 1. All planes have a relatively low R, an
emerging commonplace characteristic for MPEAs [5, 10, 12, 56, 57], compared to that for
pure metals which is orders of magnitude higher [18, 20, 23, 58]. Among these four planes
R still varies by one order of magnitude. The {112} plane represents a very low R plane,

with only 1.4 and the {134} plane the highest with 11.8.

Together, the differences in USFE distribution and R among the four planes provides

the opportunity to study their effect on dislocation dynamics in the same material. For
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each plane, we perform 30 simulations of FR sources and 30 realizations of long dislocation

propagation per plane per [.

TABLE 1. The parameters used in the PFDD simulation for each plane type. The mean and
standard deviation of the USFE are given in mJ/m?2. The screw-edge ratio is unitless. The grid
spacings d,, d,, and d, are given in units of the Burgers vector b. d. is always the interplanar

spacing in the slip plane normal direction, and d, is the spacing in the Burgers vector direction.

Mean USFE S.D. USFE C.0.V USFE Screw-Edge Ratio d, d, d.

{110} 768 111 14.5% 4.65 1 1 0.8165
{112} 865 118 13.6% 1.40 0.8165 1 0.4714
{123} 911 125 13.7% 6.78 0.8135 1 0.3086
{134} 835 85 10.2% 11.8 0.8498 1 0.2265

III. RESULTS
A. Dislocation Multiplication

We first analyze the effect of USFE distribution and R on operation of a screw-oriented
FR source. The applied stress is raised just high enough to operate the dislocation source
and then held constant. Figure 2 shows the time sequence of the dislocation line from an
activated source typical of each plane. The spatial variation in lattice energy across the
plane for these chosen realizations is indicated by the color mapping of local USFE values.
On the {110} plane, the most studied plane in pure and MPEA refractory metals, the line
morphology of the screw and non-screw parts are wavy. Particularly in the later sequences,
the screw portions move slower than the edge portions and the ensuing loops are oblong.
The morphology of the line in each time sequence from the source on the {112} plane
have similar features, with the developing loops that are noticeably oblong. Similar wavy
glide has been seen in MD simulations of other refractory MPEAs and has been a common
observation for MPEAs [5, 9, 10, 12, 14]. In all the realizations, like those displayed in Figure
2, each FR source eventually produces a full dislocation loop that glides unhindered out of
the simulation cell. In none of the sequences shown does the dislocation loop fully arrest,

although the waviness of some or all parts of the dislocation line may suggest otherwise.
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The time sequence of the dislocation line for sources on the {123} and {134} planes show
different morphologies. While the screw and non-screw portions are wavy, the lines are less
tortuous than those on the {110} and {112} planes. Also, in contrast to the other two planes,
the loops developing on the {123} and {134} planes have a lower aspect ratio, signifying
similar edge and screw mobilities. The smoother glide behavior and nearly equal mobilities
are unexpected since these two higher order planes have the highest R. Transitions to smooth
glide have been reported to occur at high applied driving stresses [9]. However, here, the
applied stresses in the {123} and {134} examples are lower than those in the {110} and
{112} examples. While the nearly face-centered cubic (FCC)-like behavior of FR sources on
these planes is counter-intuitive, it is worth remarking that in experimental testing of this
MPEA, dislocations are seen most often on these two planes in deformed material and less

so on the {110} plane [27].
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FIG. 2. Representative examples of screw-oriented FR source operation on each of the four planes
studied. All surfaces have correlation length [ equal to 5wg. Dislocation lines are colored with

respect to time. Lighter loops indicate a later time step than darker loops.

We identified the critical stress, opgr, to activate each source. Figure 3 shows values of
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opr for all 60 realizations for each of the eight [. The variation in opg is clearly substantial,
calling for a probability distribution that represents well each opr distribution for a given
[. Our analysis proves the data fit a lognormal distribution in all cases. Comparing the
lognormal mean, g, finds that, on average, the FR sources were hardest to activate on the
{112} plane and easiest on the {134} plane. High critical stresses to move dislocations in
MPEASs are thought to be related to the variation in lattice energy or the random occurrence
of relatively larger local barriers [5, 9]. However, the mean and coefficient of variation (COV)
in USFE for the {112} plane are not the highest nor for the {134} plane are they the lowest

(see Table I). Further, for no slip plane did [ noticeably affect ggg.

To determine which properties govern opgr, we study the dislocation line morphology at
the moment opg is reached and its relationship to the underlying USFE. In a pure metal,
the dislocation line bows out between the two pinned ends, and the critical shear stress
at which the line continues to glide unstably corresponds to a critical radius of curvature.
In the MPEA, instead of bowing out uniformly, a kink-pair nucleates along the length of
the source, and the edge-oriented portions of the kink-pair move along the dislocation line
to advance the dislocation. Examples of these kink-pairs on screw-oriented FR sources are
shown in the left column of Figure 4. Activation of an FR source includes both kink-pair
formation, with the screw protruding normal to the line, and kink-pair migration, with the
two edge segments gliding apart. If the shear stress is removed before migration, the straight
source is recovered. An activated kink-pair advances the screw portion of the dislocation
line forward, into another region of the material, at which point another kink-pair activates.
Through successive activation of kink-pairs, the dislocation line bows out. The edge portions
having migrated to the pinned ends builds non-screw portions. While in time, the source
bows out as in a pure metal (as seen in the early time sequences in Figure 2), it is already

in operation when it reaches this configuration in an MPEA.

It is, therefore, observed that the mechanism to activate unstable motion is a kink-pair.
The kink-pair triggering event applies to all [ and crystallographic planes. Identifying the
size of a successful kink-pair is difficult, since by definition, the edge portions of the kink-pair
immediately move apart, but it is clear that they are b in height and, when first formed,
narrower than the length of the source, being approximately 1b to 3b. More importantly,
their size is found uncorrelated with [, in spite of the order-of-magnitude wide range of [.

Comparing the first successful kink-pair location with the underlying USFE for all cases
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FIG. 3. The critical stresses to activate a screw-oriented FR source on each plane. Each colored box
is a separate simulation, and darker colors indicate where multiple simulations give the same critical
stress value. The mean for each correlation length is also plotted with error bars corresponding to

the standard deviation of the distribution.

finds that the former is strongly correlated with the weakest region along the initial source
length. The weakest region means a low barrier to move both the screw and edge parts of
the kink-pair. The lower tail of the USFE distribution, which applies to the screw parts,
combined with the corresponding R, for the edge parts, and not the mean USFE, decide
opr. Accordingly, the {112} plane has statistically the hardest regions due to its low R, and
the {134} the weakest regions due to its high R.

Next, we study the effect of the USFE and R on the operation of edge-oriented FR
sources of the same length. The initially straight edge segments are not expected to move

by kink-pair activation. Figure 5 shows the time sequence of the dislocation lines as these
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FIG. 4. The critical stages of FR source activation for both a plane with a low screw-edge ratio,
{112}-type, and a plane with a high screw-edge ratio, {134}-type. Both screw- and edge-oriented
sources show kink-pair nucleation as the limiting step. Before these kink-pairs form, the dislocation
will fall back to its original position if the stress is unloaded. The correlation lengths used in these

examples range from lwg to 10wyg.

sources operate under an applied shear. A typical example is selected for each plane. On the
{110} and {112} planes, the lines are wavy and the growing loops are elongated, indicating
their two lateral screw portions are moving slower than the edges. On the {123} and {134}
planes, a different scenario occurs. The developing loops adopt only slightly wavy lines and
the loops expand nearly isotropically. The critical stress distributions opg are obtained from
the 60 realizations for a given [ and slip plane. All data points are presented in Figure 6.
Like the screw-oriented sources, the lognormal mean of opg for the edge-oriented sources
are insensitive to [ and indicate that sources are hardest to operate on the {112} plane and
easiest on the {134} plane. These similarities suggest that the same mechanism activates
edge and screw sources. However, with all else being equal, the edge sources are consistently

weaker than the screw sources, and even the ratios of critical stress for screw to edge sources
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for all slip planes are similar, ranging from 1.5 to 1.7, and seemingly unaffected by R or the

USFE distribution.
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FIG. 5. Representative examples of edge-oriented FR, source operation on each of the four planes
studied. All surfaces have correlation length [ equal to 5wg. Dislocation lines are colored with

respect to time. Lighter loops indicate a later time step than darker loops.

The line configuration corresponding to opg is identified for the edge-oriented sources.
Under subcritical stresses, the entire length of the source bows out between the two pinning
points, forming two straight screw segments normal to the source. The source becomes
critical when the loading state can activate a kink-pair along either of these two screw
segments. Otherwise, the bowed-out dislocation recovers its original position when the stress
is unloaded. Two examples are shown in the left column of Figure 4. We, therefore, see why
orr for edge-oriented sources follow the same relationship with the USFE as screw-oriented
sources. Both are triggered by forming and migrating a kink-pair in the weakest USFE
region along the straight screw portions of the dislocation. The edge cases are consistently

about 60% weaker than the screw cases, since the edge-oriented source can sample more of
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FIG. 6. The critical stresses to activate an edge-oriented FR source on each plane. Each colored box
is a separate simulation, and darker colors indicate where multiple simulations give the same critical
stress value. The mean for each correlation length is also plotted with error bars corresponding to

the standard deviation of the distribution.

the USFE surface by extending the screw dislocation lines.

B. Dislocation Propagation

We next analyze the role of the USFE and R on propagation of a long screw dislocation, >
40 nm in length, which is about 14 times greater than the FR source length. The dislocation
is not pinned and can glide freely. Six different [ ranging from 1w to 20w, were studied
with 30 distinct samplings from the USFE distributions for each. To determine the threshold

stress to move the dislocation across the plane and outside of the simulation cell, the applied
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shear stress was slowly incremented until dislocation glide was observed. Figure 7 shows
several example stress-strain curves for each plane, all of which are unlike those expected in
a pure metal. In a pure metal, the critical stress to move a screw dislocation corresponds to
that needed to form and migrate a kink-pair under a given temperature. It is deterministic
and unvarying temporally or spatially, apart from the aid from thermal noise. For each
glide plane in an MPEA | however, the responses among the different realizations are highly
variable; no two are alike. They indicate stop/start motion, wherein the dislocations become
pinned and stress increases are required to continue glide. Therefore, these dislocations
experience strain hardening. Yet, unlike classic strain hardening, the amount of strain
between full stops varies, not necessarily increasing with each rise in stress. These curves
terminate at the final stress needed for runaway glide out of the simulation cell. In most
cases, the stress to initiate motion, o;, is not sufficient to sustain glide across the plane and is
lower than the penultimate stress reached in the stress-strain curve, oy, which we designated
as the stress required for the dislocation to escape the cell.

Due to the substantial variation, we analyze the critical stress results from a statistical
viewpoint. Figure 8A compares the distributions for o; among the four planes. As would be
expected from the few examples in Figure 7, substantial variation in o; is seen in all cases.
An interesting observation is the persistent consistency in the mean and dispersion in the
o; distributions in spite of differences in the USFE, [ and R. These calculations suggest
that average o; does not represent well the critical resolved shear stress to start the glide
of a screw dislocation, is not sensitive to the spatial variation in lattice energies, and not a
discriminating measure of preferred glide plane.

An analysis of o; presents markedly different observations. Figure 8B shows the o /0;
distributions for the same cases. Motion of a screw dislocation on the {110} plane experiences
not only the greatest increase in critical stress but also additional enhancements in resistance
with [. However, glide on the {134} plane undoubtedly incurs the least strengthening and
shows negligible dependence on [. The other two planes exhibit similar, non-negligible
hardening propensity, like the {110} plane but to a lesser degree. This significant difference
in oy/0; could explain the experimental observations of gliding dislocations on the {112},
{123}, and {134} planes, but not the {110} planes in this MPEA [27].

To understand the hardening behavior, we study the morphology of the dislocations under

the applied shear stress and find that the dislocation line configuration changes in time and
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FIG. 7. (A-D) Several stress-strain curves from screw dislocation propagation simulations on
each slip plane type. The curves show a characteristic “staircase” as dislocations are pinned and
unpinned several times before finally annihilating with periodic images. The definitions of ¢; and

oy are illustrated in (A).

is wavy during most of the simulation. Figure 9 shows a typical example for each slip plane
throughout the full simulation time. In each case, the dislocation remains straight and in
its original position under zero stress. When the stress is increased past a critical point, a
kink-pair forms at some weak location and migrates some distance, advancing this part of
the dislocation by b. Each advancement places that part of the screw dislocation into a new
region, with a different random sampling of lattice energies, providing the opportunity to
activate more kink-pairs. As the lattice energies vary over the long 40 nm length, when and
where kink-pairs activate varies statistically. Under this glide mechanism, different kink-pair

activation rates along the same dislocation give it a wavy appearance. Waviness is a common
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hardening as the dislocation glides.
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FIG. 9. Representative examples of screw dislocation propagation on each of the four planes
studied. The dashed lines indicate stable dislocations under stress, which require an increase in
applied stress to advance. All four planes shown have a correlation length of 3w, and dislocation

lines are colored with respect to time, where lighter colors indicate a later time step.

observation among MD and other discrete dislocation dynamics simulations of dislocation
lines tens of nanometers in length for a wide range of MPEAs [5, 9, 10, 12]. Here, we show
that the waviness originates from different parts of the same dislocation forming kink-pairs
at different rates and it pertains to all four planes, for all [, and in all realizations, in spite of
differences in the underlying USFE distributions, [ and R. Only screw-character dislocations
move in wavy glide via this mechanism. The waviness alone does not explain the differences
in hardening seen in Figure 7 and role of the USFE on oy.

To rationalize the USFE effects on strain hardening, dislocation line configurations are
analyzed in relation to changes in stress. In all cases, the dislocation glides via a stop/start
mechanism. It can be described as alternating intervals of non-stop glide under constant
stress and full arrest requiring an increment in stress (Figure 10). The dislocation takes

on a wavy morphology as it glides continuously and then becomes nearly straight, close to
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FIG. 10. Representative examples of the progression of screw dislocation glide in MoNbTi. The
initially straight screw dislocation (shown in black) appears wavy during glide (shown in white) but
become arrested under stress and returns to a straight screw morphology (shown in red). These
examples are from a {110}-type plane and {123}-type plane, but dislocation glide proceeds in a

similar fashion for all planes studied. The correlation length [ is 3wg for both cases.

its original screw orientation, when it completely stops. We find that continuous glide for
the entire dislocation is sustained as long as any part of it can activate kink-pairs. The
dislocation moves in free flight by statistical kink-pair activation, until it reaches a fully
straight configuration when no kink-pair can be activated anywhere along its length. The
additional applied stress needed to restart wavy glide from the fully arrested straight screw
configuration is determined by the weakest region for forming and migrating a kink-pair
anywhere along the dislocation line in its new location in the material.

During the intervals of wavy glide, the dislocation configuration is metastable. If the
applied stress is removed during free glide, the stress-free equilibrium configuration is severely
kinked, appearing to vary in character, not aligned with the original screw orientation.
Examples of unloaded dislocation lines from all four planes are shown in Figure 11, along
with experimental evidence for tortuous dislocations. According to the PFDD simulations,
the more rugged morphology of the {110} and {112} planes compared to the other two
planes becomes more pronounced in the stress-free state. Because R in the former planes
are lower, kink-pair migration is more difficult, so arrested dislocation lines on these planes

contain several edge-segments. With higher R values, kink-pair migration rates are higher,
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FIG. 11. (Left) Examples of dislocations that were unloaded during glide in PFDD. The black line
is the initial dislocation and the pink line is the unloaded dislocation. Just as the dislocations are
wavy during glide, they remain wavy under zero stress if the stress is removed. The correlation
length [ is 1wg for all four cases pictured. (Right) Experimental observations of wavy dislocations

in MoNbTi. Taken with permission from [27].

leaving the relaxed lines on the {123} and {134} planes smoother. These wavy dislocations
are not unlike those observed experimentally in MoNbTi, where post-mortem investigation
revealed wavy, predominantly non-screw, dislocation lines on {110}, {112}, and {123} planes

27].

As kink-pair activation controls the stop/restart behavior, we closely examine the first
kink-pair formed for two examples on each slip plane type (Figure 12). The kink-pairs on
the top row correspond to the first kink-pair in the lower tail of the o; distribution, whereas
the bottom row shows examples from the upper tail, i.e., the relatively stronger ones. In
all cases, the critical kink-pair begins to form by extending a small “foot” 1b in height into
a region with a relatively low USFE for formation and immediate migration. Thus, we
find that the mechanism to first start motion does not change, only the stress required to
activate kink-pairs at the weak areas along the dislocation length. Drawing a parallel to
brittle fracture, the stress o; to first move the dislocation is governed by the weakest link
along the dislocation, wherein the link length is insensitive to [. The broad variation seen
in o; in all cases would be characteristic of weakest-link behavior. The value of o; would

consequently be mainly controlled by the lower tail of the USFE, which is similar for all
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FIG. 12. Examples of kink-pair nucleation on all four slip planes. The kink-pairs in the top row
are nucleated on the weakest screw dislocation for their slip plane, while the bottom row shows
kink-pairs on the strongest screw dislocation studied. The black line shows the initial placement
of the dislocation at zero stress. Regardless of the slip plane, correlation length [, or critical stress,

kink-pair nucleation controls the glide behavior of the dislocations.

USFE distributions here, explaining the similarity in the mean value of o; among the four

slip modes.

Dislocations in all planes glide via this stop/restart mechanism in strain (or time). How-
ever, for the {110} plane, dislocations, on average, stop/restart more often in their excursion
across the plane than the other planes. Many of the dislocations on the {134} plane are
an exception, where in roughly half the cases, 0; = o;. The heterogeneity in lattice energy
across the plane increases with the variation in USFE and [. With increased heterogeneity
in lattice energy both in space and in magnitude, the dislocation is more likely to encounter
a relatively harder location in material in which kink-pair activation is not possible along

the entire length of the dislocation, causing it to fully arrest. Thus, for the most heteroge-
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neous cases, we see greatest hardening, where the glide resistance increases markedly with
glide distance. This explains the increase in the ratio o;/o; with [ for a given plane. To
measure the strengthening provided by the heterogeneity, we calculate the hardening ratio,
(07 —0;) /0, which is the ratio of the total rise in glide resistance to run the dislocation out
of the cell (consistent signature of runaway) divided by the critical stress to first start its
motion. Figure 8C confirms the origin of hardening as posed; the strengthening increases

with the dispersion (i.e., coefficient of variation) in the USFE.

IV. DISCUSSION

In studying the motion of long screw dislocations gliding over long distances, we show
that their glide is controlled by the activation of kink-pair formation and migration. While
kink-pair-controlled motion of screw dislocations occurs in pure BCC metals, the kink-pair
nucleation frequencies depend on thermal fluctuations and scale with temperature and stress.
Temperature introduces random thermal noise, and for a moving dislocation, represents
statistical dispersion in driving force. Otherwise, under constant temperature and stress,
the probability of forming and migrating kink-pair is the same along the length and invariant
with location in the crystal. The dislocation moves by successive single kink-pair activation
and straightening. While they are straight and arrested, they lie in waiting for a sufficient
thermal perturbation to form and migrate the next kink-pair.

In the present work for an MPEA, the effects of temperature on the stresses to move the
dislocation and how the dislocation moves are not included. Specifically, the applied mechan-
ical energy is not supplemented by thermal energy. The chemical composition randomness
in the MPEA represents statistical dispersion in the energetic barriers for glide across the
plane as opposed to random supply of thermal energy. Thus, the composition variations
allow for kink-pairs to form randomly without the randomness from thermal noise. At a
non-zero temperature, we would expect that kink-pairs will form more easily in the MPEA
than in pure BCC metals because there are both thermal and compositional fluctuations
present that can nucleate kink-pairs. Significant numbers of kinks forming on different slip
planes can lead to immobile cross-kinks, which have been proposed to play an important
role in BCC MPEAs [12, 29].

As in pure metals under temperature and stress, the arrested screw dislocation is nearly
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straight and the dislocation waits for sufficient additional energy, in the form of mechanical
energy here, to form and migrate a kink-pair or multiple kink-pairs along its length. How-
ever, the statistical dispersion in lattice energy introduces periods of wavy travels between
arrested states, which does not occur in pure metals. The waviness arises from variable
kink-pair activation rates along the same line, leading to different nanoscale segments in-
curring different amounts of travel. The probability of kink-pair activation is not spatially
invariant and depends on the level of heterogeneity in the lattice energy distribution. As
another consequence, much of the glide plane slipped by a screw dislocation in an MPEA is
accomplished by wavy glide, unlike in a pure metal. In fact, when the MPEA is unloaded,
the dislocation collapses to wavy, non-screw state. This could explain prior microscopy stud-
ies of deformed refractory MPEAs that show highly kinked rather than straight dislocations
[27].

We observe that in all cases of glide planes and correlation lengths, the glide initiates with
successful formation and migration of a kink-pair in the weakest region along the length of
the dislocation. This activation mechanism will impact the critical stress in several ways.
First, initial stresses depend on the lower tail of the lattice energy distribution, not its mean
value. Second, the initial stress will be highly position-dependent and can be expected to
vary substantially among different but otherwise like dislocations on the same glide plane.
Third, since the dislocation cannot advance until the kink-pair migrates, the easier it is for
the edge dislocations to move, i.e., the higher the value of R, the lower the initial critical
stress. Last, the weakest link type phenomenon engenders a size effect, wherein longer is
weaker. In actual materials, the lengths of screw dislocations can be much longer than those
studied here (128b). The implication is that longer dislocations will experience even more
variations along their lengths and even lower activation stresses. These outcomes result
from the inherent compositional fluctuations characteristic of MPEAs and can be expected

to apply to other MPEA systems as well.

Wavy or jerky dislocation glide is emerging as a common and persistent characteristic
of dislocations in MPEAs. Several atomistic or mesoscale modeling simulations and some
microscopy studies have reported wavy dislocations in glide or post-mortem [9, 11, 12, 27, 33].
Prior MD studies have associated tortuous morphology of dislocations of any character to
randomly occurring pinning points and formation of cross kinks and/or interstitials and

vacancies in some nanoscale segments [5, 9, 12, 14]. Similarly, mesoscale models of a generic
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dislocation have attributed wavy glide to dislocation bowing out between randomly occurring
pinning points [6, 33]. Here in analyzing planar glide behavior of initially screw dislocations,
we classify wavy glide and jerky glide as distinct behaviors. Wavy glide is a result of
variable rates of kink-pair formation and migration along the length of the dislocation,
where nanoscale segments with higher rates extend further. Wavy glide is not directly
related to hardening, meaning the activation stress does not change, and any amount of
atomic-scale variation in the underlying lattice energy will cause wavy glide. Jerky glide,
on the other hand, is a result of the frequent transition between non-stop, free glide with
non-zero kink-pair activation rates and complete arrest with zero kink-pair activation rates.
Jerky glide means hardening, in which the critical stress increases with strain. We clearly
show that the greater the dispersion in lattice energy, the greater the hardening. This glide
mechanism, involving wavy morphologies and jerky-induced hardening, is not applicable to

initially edge-character dislocations.

Jerky glide and its associated hardening are studied over distances of just 96b. The
hardening seen in stress-strain curves among different dislocations on the same plane type
vary substantially as well, such that no two pathways and stress-strain curves are alike.
The greater the statistical variation in the USFE, in both content and length scale, the
more pronounced the hardening. For the {110} plane, for which we observed the greatest
amount of hardening among the four plane types, the critical stress increased, on average,
25-50% from its initial value. In contrast, the {134} plane showed the least. Experimental
observations of dislocations in MoNbTi observe dislocations gliding on the {112}, {123},
and {134} planes, with notably fewer dislocations on the {110} planes [27]. In light of
the current results, we could interpret this to mean that hardening, rather than the initial
critical stress, selects the preferred glide plane. Nevertheless, it can anticipated that if the
underlying USFE distribution has large dispersion with a long upper tail (high lattice energy
with low probability), then hardening could continue with glide distances greater than the
10006 simulated here.

Many MD simulations of dislocation glide in the {110} plane of MPEAs attribute the
high critical resolved shear stress (CRSS) to the formation of cross-kinks along the same
dislocation line [5, 9, 12, 14]. In the present simulations, the driving stress was intentionally
applied so that the dislocation glide plane corresponded to the MRSSP of the dislocation;

therefore, no driving stress component was applied to drive any part of the dislocation to
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cross slip onto another plane. Including thermal effects and/or other applied stress states
would promote cross slip, however, the consequences would not necessarily be the same
as in a pure metal. As mentioned, in simulating in-plane glide, the motion involves wavy
intervals, in which the original screw dislocation adopts a non-screw character, which would
not present much opportunity for cross slip. The dislocation nearly recovers its straight screw
orientation only when fully arrested under stress, which would then leave the possibility for

forming kink-pairs on cross slip planes.

V. CONCLUSIONS

In summary, we employ phase field dislocation dynamics to study the role of screw-to-
edge ratio and lattice energy distribution on the morphological transitions and evolution
of the critical stresses to move long screw dislocations in the refractory MPEA MoNbTi.
The atomic scale fluctuations in elements in MPEAs lead to dislocation-scale heterogeneity
in the lattice energies associated with shearing the glide plane. Atomistic calculations find
that the screw-to-edge ratios and the mean and dispersion in lattice energy distributions
vary among the four plane types in the BCC MPEA MoNbTi, providing the opportunity to
study their influence on dislocation dynamics in the same material. We constructed MPEA
crystals with over 70 nm long glide planes with these lattice energy distributions and length
scales over which the compositions associated with them are correlated. We show that
the variation in lattice energy, in both content and scale, lead to a strain hardening-like
behavior, a strengthening in the critical stress to activate glide with glide distance. When
the variation is large, the dislocation moves in a stop/start motion, alternating between
a wavy morphology in free flight and a nearly recovered straight screw orientation in full
arrest. Substantial strain hardening behavior is associated with this glide behavior, where
the critical stress increases, on average, 20-30% from the stress to first activate motion. In
contrast, when the variation is small, the stress to initiate motion most often is the stress for
runaway glide, indicating little to no hardening, and the dislocation motion is continually
wavy. In all cases,the wavy glide is the result of variable kink-pair formation and migration
rates along the dislocation length, where portions with higher rates travel greater distances.
The critical stress to move an isolated dislocation in pure metals would not exhibit the

strain hardening seen here at the single dislocation scale. The strain hardening induced

29



by atomic-scale fluctuations in composition in MPEAs could play a part in explaining the

superior strengths exhibited by these materials.
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