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A new mechanism of anomalous tension/compression (T/C) asymmetry in ultrafine-grained (UFG) metals is
proposed using large-scale atomistic simulations and dislocation theory. Unlike coarse-grained metals, UFG
Al exhibits remarkable T/C asymmetry of the yield stress. The atomistic simulations reveal that the yield
event is not related to intragranular dislocations but caused by dislocation nucleation from the grain boundaries
(GBs). The dislocation core structure associated with the stacking fault energy in Al is strongly affected by
the external stress compared with Cu; specifically, high tensile stress stabilizes the dissociation into partial
dislocations. These dislocations are more likely to be nucleated from GBs and form deformation twins from
an energetic viewpoint. The new mechanism, which is completely different from well-known mechanisms for
nanocrystalline and amorphous metals, is unique to high-strength UFG metals and can explain the difference in
T/C asymmetry between UFG Cu and Al.

INTRODUCTION

The plastic deformation of coarse-grained metals is deter-
mined by the average collective motion of dislocations be-
cause the initial stage of plastic deformation is related to the
activation of the pre-existing dislocation sources. The subse-
quent interaction between dislocations in different slip planes
contributes to the hardening process. Grain refinement has
generally been used to improve the strength. The interaction
between piled-up dislocations and grain boundaries (GBs)
plays a dominant role in determining the strengthening of ma-
terials according to the well-known Hall–Petch (H–P) rela-
tionship [1, 2]. Recent metal processing techniques enable the
effective control of the grain size and microstructure in metal-
lic systems. It is possible to produce ultrafine-grained (UFG)
metals (100 nm < d < 1 µm; d is the grain size) through se-
vere plastic deformation (SPD) processing [3–6] such as ac-
cumulative roll bonding, and these UFG metals exhibit unique
and excellent mechanical properties [7–9]. However, the me-
chanical properties of UFG metals cannot be simply predicted
from the average collective motion of intragranular disloca-
tions. The strength of UFG metals is much higher than that
predicted using the H–P relation [10, 11]. The strength of
nanocrystalline (NC) metals (d < 20 nm) decreases with de-
creasing grain size, which is generally known as the inverse
H–P effect [12, 13]. Although GB sliding and thermally acti-
vated local shear have been proposed as underlying deforma-
tion mechanisms of NC metals [14–17], they should not be
considered the key mechanisms explaining the unique defor-
mation behavior of UFG metals. UFG metals are expected to
have a different deformation mechanism than coarse-grained
or NC metals because unlike coarse-grained metals, the grain
size of UFG metals is too small to accommodate numerous
pre-existing dislocations in a grain, and unlike NC metals,
the grain size is too large for GB sliding. A different type of
dislocation–GB process is thus expected to become dominant.
UFG metals have been shown to exhibit anomalous deforma-
tion behavior associated with higher stress conditions. For

example, the Bauschinger effect has been reported for UFG
metals [18–20], in which the microscopic defect texture gen-
erated by SPD affects the subsequent plastic deformation.

Tension/compression (T/C) asymmetry is also considered a
unique property of UFG metals [18, 21–23]. T/C asymme-
try has been widely observed in various metals and alloys.
Mg and Mg alloys exhibit definite T/C asymmetry, and the
mechanism for this behavior is known to be asymmetric twin-
ning deformation of the hexagonal-close-packed (hcp) struc-
ture [24–26]. T/C asymmetry of amorphous metals was ob-
served to be caused by the atomic-pair distribution with nu-
cleation of shear bands [27], and that observed in NC metals
was explained by the same mechanism [28]. The deformation
mechanism and T/C asymmetry in NC metals were prelim-
inarily examined for direct comparison [29]. However, the
T/C asymmetry of UFG metals cannot be understood by any
previously proposed mechanism. UFG Al exhibited definite
T/C asymmetry, where the strength under compression was
higher than that under tensile loading (τT < τC) [21], whereas
UFG Cu did not exhibit clear asymmetry [18]. Therefore, an
unknown mechanism that is associated with the difference be-
tween UFG Cu and Al underlies the T/C asymmetry of UFG
metals.

A number of atomic-scale simulations have been imple-
mented to investigate the deformation behavior of NC metals
[30–34], and the amorphous-like T/C asymmetry in these ma-
terials was confirmed [33, 34]. However, it remains difficult to
capture the anomalous deformation behavior of UFG metals
because unlike NC metals [29], both inter- and intragranular
dislocation contribute dominantly to plastic deformation. In
this study, I developed parallelized molecular dynamics and
visualization codes to simulate three-dimensional polycrys-
talline models including intergranular dislocation sources and
explored a new mechanism of T/C asymmetry for UFG met-
als.
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ANALYSIS METHOD

Atomic models of polycrystalline face-centered-cubic (fcc)
Cu and Al were constructed using the Voronoi polyhedral di-
vision technique. Intragranular dislocation should be consid-
ered to capture the deformation behavior of UFG metals as
previously mentioned. In this study, Frank-Read (FR) source
dipoles were introduced as intragranular dislocations in the
grain region. The geometry of our atomic models was as fol-
lows: the average grain size d was 83a0 (a0: lattice constant),
and the length of the dislocation source L was 55 a0, where
a0 = 3.615 Åfor Cu and a0 = 4.05 Åfor Al. The disloca-
tion density of the polycrystalline models was controlled by
changing the number of FR sources (NFR) within the grain
region. Atomic models of cubic polycrystals containing 15
grains with and without FR sources in Cu and Al are pre-
sented in Fig. 1, where the dislocation density of NFR = 6
corresponds to 7.14 × 1015 and 5.67 × 1015m−2 for Cu and
Al, respectively, and the centrosymmetry parameter [35] was
adjusted to visualize various defect structures. The polycrys-
talline model had dimensions of 220 a0 on each side of the
cube, including approximately 43 million atoms. (Dimensions
of 330 a0 with 102 million atoms were also used for a tensile
test of NFR = 0 to verify the size effect.)

Parallelized molecular dynamics and visualization codes
were developed using MPI-IO and applied to the collective
defect dynamics of the large-scale atomic models, where MPI-
IO was applied to ATOMEYE [36]. The embedded atom
method (EAM) potential proposed by Mishin et al. was em-
ployed for the interatomic interaction of Cu and Al atoms
[37, 38]. Uniaxial tension and compression were then ap-
plied to the atomic models, where a strain increment ∆ǫzz

of 1.0 × 10−3 was gradually applied. After applying ten-
sile/compressive strain, the quasi-equilibrium configuration
under the deformation at 0 K was obtained using molecu-
lar statics simulations combined with the conjugate gradient
method. Triaxial periodic boundary conditions were satis-
fied during the uniaxial tensile/compressive loading, and the
stress components perpendicular to the load direction were
controlled to be zero during the relaxation steps. The atomic
system under given strain was optimized by sufficient relax-
ation steps, and the fully relaxed configuration for each con-
dition was defined as that when the maximum force of all
atoms converged at 0.1 eV/Å, where the minimum number
of relaxation is set to 4000 steps according to preliminary ex-
aminations [29]. This cycle was repeated until the maximum
tensile/compressive strain reached 8%.

RESULTS AND DISCUSSION

The stress-stress curves for various initial dislocation den-
sities corresponding to NFR = 0, 1, 4, 6 under uniaxial tension
and compression in Cu and Al are presented in Fig. 2; the
yield stress, σY was defined as the maximum stress in these
curves. The yield stress decreased with increasing dislocation
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FIG. 1. (Color online) Atomic models of three-dimensional poly-
crystalline models (a) without intragranular defects and including in-
tragranular dislocations in (b) Cu and (c) Al.

density under both tension and compression, and intragranular
dislocations played a dominant role in the initial yield, as ob-
served in coarse-grained metals. I have previously confirmed
that the dependency of the initial dislocation density on yield
stress is caused by heterogeneous stress distribution between
grains [20]. There are only a few dislocation sources within
a grain region, and dislocations are no longer homogeneously
distributed as the initial dislocation density decreases. In ad-
dition, the flow stress relaxes to a certain value because the
grain size and other grain geometrical parameters are identical
in all of the models. In this study, I pay special attention to the
difference in the asymmetric yield behavior between Cu and
Al. The yield stress in Cu did not differ significantly depend-
ing on the loading orientation, whereas the initial dislocation
density affected yield stress. However, the T/C asymmetry
in Al was more significant with decreasing initial dislocation
density as shown in Fig. 2(e); that is, the yield stress under
tension was lower than that under compression. Here the de-
gree of T/C asymmetry is expressed as (σC

Y −σ
T
Y)/(σC

Y +σ
T
Y).

The initial yield is ultimately caused by dislocation nucleation
from the grain boundary when there is no intragranular dislo-
cation. The difference in T/C asymmetry between UFG Al
and UFG Cu is therefore expected to be attributed to the nu-
cleation mechanism of dislocations from grain boundaries.

The stacking fault (SF) energy is a crucial property in de-
termining plastic deformation behavior and describing nu-
cleation process of dislocations from grain boundary in
nanocrystalline metals [39, 40]. I focused on the high-stress
condition achieved in UFG metals and investigated the effect
of external stress on the SF energy and dislocation core prop-
erties. The generalized SF energy surfaces in terms of dis-
placement along x and y directions for Cu and Al evaluated
using the EAM potential are presented in Fig. 3(a) and (b),
where the x, y, and z axes correspond to 〈11̄0〉, 〈112̄〉, and
〈111〉, respectively. The energy difference along the bp di-
rection determines the core structure of the dislocation, and
the effect of tensile and compressive stresses on the SF en-
ergy is depicted in Fig. 3(b), where horizontal axis is the
displacement normalized by the magnitude of Burgers vector
of partial dislocation and γSF corresponds the stable stacking
fault energy. Interestingly, γSF of Al was strongly affected by
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FIG. 2. (Color online) Stress-strain curves and T/C asymmetry in
UFG metals with different dislocation densities under uniaxial stress:
(a) Cu under tension, (b) Cu under compression, (c) Al under tension,
and (d) Al under compression. (e) Difference in T/C asymmetry be-
tween Cu and Al and dependency of dislocation density.

the external stress, whereas that of Cu did not change greatly.
These features have been addressed by the nature of the elec-
tronic structure and local atomic motion on the slip plane
[41]. In contrast, the maximum residual stress, which is de-
fined as the maximum gradient of energy difference along the
〈112̄〉 direction (τmax), was not affected by the external nor-
mal stress in Al. These finding indicates that the dislocation
core structure of Al is strongly affected by the external stress
rather than the Peierls stress according to the classical Peierls-
Nabarro (PN) model [42, 43]. I examined a detailed dislo-
cation core structure using the semidiscrete variational (SV)
PN model [44, 45], which provides the three-dimensional dis-
location core structure via discrete atomic rows and an ac-
curate SF energy surface. I have previously confirmed that
the SVPN model can successfully reproduce the dislocation
core structure reflecting the change in SF energy [46]. In the
SVPN framework, the total fault energy of a dislocation with-
out applied shear stress and long-range interactions can be de-
scribed as Udisl = Uelastic+Umisfit. The elastic energy contribu-
tion, Uelastic, was directly calculated using the energy factors
of edge/screw dislocations associated with elastic constants,
and the misfit energy contribution, Umis f it =

∑
i ∆xγ(δi), was
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FIG. 3. (Color online) SF energy surfaces of (111) plane under zero
stress in (a) Cu and (b) Al, where the direction of the minimum en-
ergy path corresponds to the 〈112̄〉 direction. Effect of compressive
and tensile stresses (σzz = −3,−2,−1, 0, 1, 2, 3 GPa) on the SF en-
ergy along 〈112̄〉 direction in (c) Cu and (d) Al, where the SF energy
under zero stress is represented by the black line and the compressive
and tensile stresses are represented by the reddish and bluish lines,
respectively.

evaluated using the accurate SF energy surface, as shown in
Fig. 3, where ∆x is the distance between atomic row and
γ(δi) is defined as the local misfit energy per area with lat-
tice disregistry δi. As a result, the effect of the external stress
on dislocation core was effectively considered by the stress-
dependent SF energy. Dislocation core structures under com-
pressive/tensile stresses in Cu and Al are depicted in Fig. 4,
where horizontal axis is the nodal distance from the center of
dislocation core and vertical axis shows the core density of a
dislocation expressed by the local gradient of lattice disreg-
istry (ρ = (dδx/dx)x=xi

≃ (∆δi/∆xi)). A dislocation in Cu
is known to be dissociated into two partial dislocations, and
the core structure is not affected by either compressive or ten-
sile stress. The dislocation core in Al is normally viewed as a
nearly perfect dislocation, as demonstrated in Fig. 4(c) (under
compression). However, the perfect dislocation tends to dis-
sociate gradually with increasing tensile stress; that is, exter-
nal tensile stress makes the extended dislocation more stable.
This change in core structure is expected to affect dislocation
nucleation at grain boundaries, which is considered to play a
decisive role in the plastic deformation of UFG metals.

Pre-existing dislocations were initially activated in the early
stage of deformation, where the critical resolved stress of
intragranular dislocation differs little depending on the load
direction. The activation of intragranular dislocations does
not cause macroscopic yield because the plastic strain gener-
ated by a small amount of intragranular dislocation motion is
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FIG. 4. (Color online) Dislocation core densities evaluated using
SVPN model in Cu and Al, showing the effect of various external
stress conditions on the core structure for (a) Cu under compression,
(b) Cu under tension, (c) Al under compression, and (d) Al under
tension.

small. In contrast, the nucleation process of dislocations from
GBs, which corresponds to macroscopic yield of UFG metals
differs completely depending on the external stress condition.
The nucleation of dislocations from GBs under compression
and tension for the NFR = 1 model for Al is shown in Fig. 5.
Perfect-like dislocations were nucleated under compression,
as observed in coarse-grained metals (Fig. 5(a)), whereas
twinning deformation occurred under tension. In general,
twinning deformation is more likely to be generated in low-
SF-energy metals such as Cu and austenitic steel, whereas it is
not observed in coarse-grained Al. As previously mentioned,
a high stress condition is achieved in UFG metals, which sig-
nificantly changes the SF energy of Al. In particular, high ten-
sile stress causes a decrease of the SF energy, and dislocations
tend to be dissociated into partial dislocations. The energy
of a partial dislocation is one-third less than that of a perfect
dislocation, which promotes the nucleation of partial disloca-
tions from GBs. The emitted dislocation tends to extend and
form multiple deformation twins because of the low SF en-
ergy under tension. Additionally, a dislocation is more likely
to nucleate along a twin boundary (known as a displacement
shift complete lattice dislocation) because the energy barrier
of dislocation motion on a twin boundary is smaller than that
of a perfect crystal [47]. Therefore, more dislocations are nu-
cleated under tension than under compression. The T/C asym-
metry of Al is caused by the dependence of the external stress
on the core structure of the dislocation, which is associated
with the SF energy. The rest of important features are tem-
perature and strain rate dependency on deformation process.
Recent accelerated molecular dynamics technique allows to

capture the relationship between temperature/strain rate and
dislocation nucleation from GBs [48]. According to the sim-
ple model simulation, it can be expected that the yield process
in UFG metals is sensitive to the temperature due to a large
activation entropy. Thus, the new mechanism of T/C asym-
metry describes the unique nature of UFG metals and differs
completely from the atomic-pair mechanism in NC and amor-
phous metals.

ε = 0.03 ε = 0.07 ε = 0.08

(a)

(b)

Perfect disl.

Par"al disl.

Twinning

FIG. 5. (Color online) Evolution of defect structures for NFR = 1
model under (a) compression and (b) tension in UFG Al. The nu-
cleation processes of perfect and partial dislocations from GBs are
highlighted by the white dotted circles.

SUMMARY

In summary, I discussed the anomalous T/C asymmetry in
UFG metals based on atomistic simulations and dislocation
theory. Atomistic simulations revealed the remarkable T/C
asymmetry of yield stress in UFG Al compared with that of
UFG Cu. The yield event is not related to intragranular dislo-
cation but caused by dislocation nucleation from GBs. I inves-
tigated the dependence of the nucleation process on the exter-
nal stress from the viewpoint of the dislocation core structure.
The SF energy of Al is strongly affected by the normal stress,
and the application of tensile stress significantly decreases the
SF energy. According to SVPN analysis combined with accu-
rate SF energy calculations, the dislocation core is expected to
dissociate into partial dislocations. Dislocations are therefore
more likely to be nucleated from GBs because the energy of a
partial dislocation is one-third less than that of a perfect one.
Thus, the anomalous T/C asymmetry of UFG Al is explained
by a new mechanism based on dependence of the stability of
the dislocation core on the external stress, which is different
from the well-known mechanisms of T/C asymmetry in hcp,
NC, and amorphous metals and unique to high-strength UFG
metals.
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