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Abstract: Nanolayered, bimetallic composites are receiving increased attention due to an 

exceptional combination of strength and thermal stability not possible from their coarse-layered 

counterparts or constituents alone. Yet, due to their 2D planar, unidirectional arrangement, they 

are highly anisotropic, which results in limited strain hardening and ductility. Therefore, like 

many high-performance, ultra-strong materials of our time, they succumb to the usual strength-

ductility trade-offs. Here we present the formation of a novel hierarchical microstructure, 

comprised of crystals consisting of 3D nanolayered α/β-Zr networks. By direct comparison with 

coarse-layered material of the same chemistry, we show that the unusual hierarchical 3D 

structure gives rise to high strain hardening, high strength and high ductility. Using TEM 

analysis and hysteresis testing, we discovered that the 3D randomly oriented bi-phase boundaries 

result in progressively dispersive rather than localized slip with increasing strain. Dislocation 

activity in the α-Zr lamellae transitions from single slip to multi-slip and eventually to multi-

modal slip as strain increases. The diffusive slip promoting properties of 3D layered networks 

can potentially invoke simultaneous high strength, strain hardening, and ductility, reveals a new 

target in the microstructural design of high performance structural materials.  
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Zirconium (Zr) alloys are attracting considerable interest due to their excellent physical and 

chemical properties, such as small thermal neutron capture cross-section, corrosion resistance, 

etc. [1-7]. As a result, Zr alloys are extensively used in the nuclear industry as the pressure tubes 

and fuel claddings [8-11]. Because of ever-increasing demands on structural materials for new 

generation nuclear reactors, vast improvements in strength and ductility are critically needed. 

Most attempts to date involve alloying elements or tuning the internal microstructure [10-17]. 

While many of these methods enable high strength (>500 MPa), the ductility is still too low 

(<10%) [1,18], which limits tube fabrication and service life.  

In addition to the strength-ductility trade-off, Zr alloys also exhibit severe irradiation-

induced anisotropic growth [8]. In nuclear reactors, Zr alloy cladding tubes tend to grow in the 

axial direction and contract in the radial direction [8]. This radiation growth is a form of 

plasticity; it results from the accumulation and partitioning of point defects at preferred 

crystallographic planes [8]. Because of its sensitivity to crystallography, this directional growth 

is further exacerbated by a preferred texture. 

It has long been envisioned that problems in-reactor growth and strengthening can be solved 

via the infusion of interfaces. Metallic multilayers have demonstrated 5 to 10 times higher 

strength than the coarser laminates, as well as enhanced thermal stability and radiation tolerance 

[19-28]. They owe these properties to a high density of bi-phase interfaces, which provide for 

strength and deformability by obstructing the motion of, annihilating, or storing dislocations [20-

26], and radiation tolerance by acting as efficient sinks for defects [27-29]. High thermal stability 

emerges since the bi-phase interface has low interface energy [30,31].  

In hopes of exploiting this nanostructure concept, several studies have considered interface-

dominant Zr. For instance, two-phase Zr/Nb nanolayered composites have been made via 

magnetron sputtering [32-35] and accumulative roll bonding [36]. However, all the above 

techniques produce nearly 2D architecture of planar, stacked Zr/Nb layers, which renders their 

deformation response highly anisotropic. Further, these synthesis methods have their limitations 

in large-scale production [36-38]. Last, due to potential contamination in fabrication, these 

nanolaminated composites have weak interface bonding, which leads to poor ductility [39].  

Here we present an unusual, two-phase Zr-2.5Nb nanostructured composites with a 3D 

network of nanolayers. The hierarchical 3D nanolayered sample consists of nearly equiaxed 

coarse grains filled with micro-scale colonies, each of which are nanolaminated with numerous 
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body-centered cubic (bcc)/hexagonal close-packed (hcp) interfaces. The 3D layered networks 

give rise to high yield strength, strain hardening and ductility, making it a promising hierarchical 

microstructure for harsh conditions. 

Figure 1(a) shows a typical Zr-Nb binary phase diagram. The red-dashed line marks the 

composition of the alloy. The eutectoid decomposition is sluggish at a temperature below 610Ԩ 

[40,41]. Consequently, the microstructure at room temperature is expected to consist of α-Zr 

with < 0.6wt.% Nb and a metastable β-Zr with < 20wt.% Nb. On this basis, a traditional method 

was used to prepare a coarse-layered (CL) Zr-2.5Nb alloy (see supplementary materials (SM)). A 

layered structure with alternating α- and β-Zr phases has formed, as shown in Fig. 1(b). The 

darker one is the α-Zr phase and the brighter one is the β-Zr phase. Fig. 1(c) presents a statistical 

analysis of layer thickness of the α phase. Most of the α phase lamellae (>90%) have a thickness 

smaller than 1 μm, with an average value of 589±227 nm. Although this sample has a layered 

microstructure, the interface density (3.25 µm-1, number of interfaces per unit length) is not 

exceptionally high, and the thickness distribution of the α phase is heterogeneous (Fig. 1(c)).  

To create a more refined, two-phase nanostructure, we designed the dynamic thermal-

mechanical phase transformation (DTMPT), as shown in Fig. 1(d) and SM. Fig. 1(d) displays an 

image of the “bulk” disc sample with a diameter of 35 mm and thickness of 7 mm. In the micron-

scale colonies, the α/β-Zr layers and interfaces are distributed homogeneously (Fig. 1(e)). The 

interface planes randomly oriented in the same colony and not stacked, in a planar arrangement 

as in the CL Zr-2.5Nb [32-36]. The α layers are shorter and thinner as well. Most of the α phases 

start and terminate in the center of grain, indicating that the precipitation of the α phase not only 

originated from the grain boundaries but also from locations within the interior of the grains 

[42,43]. The α/β lamellar structure are on average 222±94 nm (Fig. 1(c)). The thickness of the 

majority (>90%) of α  phase is less than 350 nm. The DTMPT sample has a much higher 

interface density (8.25 µm-1) than the CL sample.    

Fig. 2 shows a typical TEM image of the α/β-Zr phase nanostructure in an individual 

colony. The α layer and nano-scale β layer with thickness of 10 to 20 nm are stacked within a 

single colony. According to the diffraction pattern in Fig. 2(b), the interface has a classical 

Burgers orientation relationship [0001]α//[011]β and (1ത1ത20)α//(11ത1)β between the α and β phases. 

Because the hierarchical 3D structure is formed by a phase transformation from the β to α phase, 
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the orientation of the β phase is similar within one grain. However, the α phases in the various 

colonies are of different variants although they were inherited from the same β grain. Therefore, 

the bonding between the two phases is clean and contamination-free. The α/β interface is not 

atomically flat (Fig. 2(c)), but is comprised of a series of facets, which can facilitate dislocation 

nucleation at the α/β interface [44]. Meanwhile, the misfit strain along the [1ത1ത20]α and [0001]α 

is 5.0% and 2.6%, indicating that the α/β  interface is semi-coherent and has interface 

dislocations. The interface plane is near (1ത100) for α phase and (2ത1ത1) plane for β phase (Fig. 

2(b)). The (101ത0) prismatic plane in the hcp α phase is almost parallel to the (01ത1) plane in bcc β 

phase. The well-aligned planes across the interface can provide a favorable pathway for slip to 

transfer across it [45].  

The hierarchical 3D nanolayered and CL Zr-2.5Nb are tested in tension to evaluate their 

mechanical response. The hierarchical 3D sample exhibits the higher yield strength (ߪ଴.ଶ ൎ 576 

MPa) and higher ultimate tensile strength (ߪ௕ ൎ 693 MPa) compared to the CL sample with ߪ଴.ଶ ൎ 511 MPa and ߪ௕ ൎ 621 MPa, as shown in Fig. 3(a). The total elongation of hierarchical 

3D Zr-2.5Nb ( δ ൎ 16.6%) is larger than that of CL sample ( δ ൎ 13.3%). The high strain 

hardening rate of the hierarchical 3D sample is also much higher (Fig. S1). Simultaneous yield 

and ultimate tensile strengths, ductility, and strain hardening is unusual for a nanostructured 

metal [46].  

Figure 4 plots the strength versus uniform elongation of hierarchical 3D layered Zr-2.5Nb 

and other Zr alloys [47-53]. In this plot, two distinct groups emerge. The coarser-grained or 

ultra-fined grained Zr lie in group I, where the strength-ductility trade-off is strong. The second 

group consists of both nanostructured and heterogeneous microstructured Zr alloys. The group II 

is superior to group I since the strengths and ductility are higher; nonetheless, the trade-off 

exists.  The hierarchical 3D layered Zr-2.5Nb lies in the center of group II, which means it 

achieves a balance of both strength and uniform elongation. The high strain hardening rate and 

uniform tensile ductility are attributed to the steep strain gradients resulting from the semi-

coherent interfaces [54,55], and locally non-uniform plastic deformation across the 

microstructure. In contrast, the CL Zr-2.5Nb belongs to the group I of Zr alloys with inferior 

mechanical properties (Fig. 4). Comparatively other Zr alloys in group II have lower ductility 

and lower strain hardening. Generally, these reductions have been attributed to insufficient space 

for dislocation accumulation within crystals of nanoscale dimensions [24-26]. In spite of being 
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nanostructured as well, the hierarchical 3D Zr alloy evidently exhibits better mechanical 

performance. This could imply that the α/β interfaces are acting not only as strong barriers to 

dislocation motion but also assist dislocations accumulating in the layers.  

To quantify the dislocation accumulation induced strain hardening, we measure the 

magnitude of the back stress during tensile in Fig. 3(b). The back stress is the long-range stress 

generated by dislocations that pile up against microstructural barriers, such as the α/β interfaces. 

This stress has polarity; it acts “back” on the dislocation sources, which lie within the α/β 

interfaces as well. For both the hierarchical 3D and CL samples, the hysteresis loops increase in 

size as the strain level increases from 2.5% to 3.0% (Fig. S1). The size of the loop is larger for 

the hierarchical 3D sample than the CL sample. The back stress of both hierarchical 3D and CL 

Zr-2.5Nb increases linearly with strain (Fig. 3(b)). Notably the hierarchical 3D sample has a 

larger slope and a higher value, which explains the stronger strain hardening rate.  

The hysteresis analysis indicates considerable and continual accumulation of dislocations at 

the α/β interfaces. Using TEM, we attempt to identify the character of dislocations accumulated 

at different stages in the tensile response, as marked in Fig. 5(a). The first tensile test is 

interrupted at ߪ௘ ൎ  230 MPa. Although the whole sample is deforming elastically, we find 

substantial dislocation activity in the α-Zr layers. Fig. 5(b) shows typical dislocation structures 

form inside the α-Zr layers. Under the viewing direction of [0001]α, the α/β interface is near 

edge-on [56]. Several dislocation lines, corresponding to prismatic ۃ Ԧܽۄ slip, are observed inside 

the α  layers on the (01ത 10) prismatic plane, as marked in Fig. 5(b). One plane of glide is 

preferred, and the interface causes them to pile up (7=ߩ µm-1, number of dislocation per unit 

length along interface).  

To see if these same types of dislocations pile up as strain is increased, a second tensile test 

was interrupted at ߪ௘ ൎ 394 MPa, which lies in the middle of bulk elastic deformation but before 

macroscopic yielding. The dominant slip plane is still the same prismatic (01ത10) plane, as shown 

in Figs. 5(c) and (d). However, numerous dislocation, with a density of 10.25 = ߩ µm-1 pile-up 

along the α/β interface, as indicated by the strong strain contours formed at the interface. The 

increased number of pile-ups of dislocations along the α/β interfaces would generate an even 

larger back stresses. Again, the increase in back stress is an indication of high interface barrier 

strength and an effective strain hardening mechanism.  



6 

 

The third tensile test is interrupted at the macroscopic elastic-plastic transition, which is at ߪ௘ ൎ 587 MPa. At this point, dislocations are no longer gliding on a single preferred plane but on 

the three distinct prismatic planes, as marked in Fig. 5(e). The strain contours formed on the α/β 

interface, consequently, are more intense (16.8=ߩ µm-1), indicating strong dislocation-interface 

interactions (Fig. 5(f)). Activation of non-planar systems promotes homogeneity in deformation, 

and postpones localization instabilities, while increasing dislocation accumulation, explaining 

the high hardening rate and improved ductility.  

The final tensile test was stopped at the peak stress, ߪ௘ ൎ 693 MPa. A higher density of 

dislocations gliding on the three differently oriented prismatic planes is observed, as marked in 

Fig. 5(g). In addition, dislocation activity on the first-order <c+a> pyramidal plane (101ത1) can 

be tracked (Fig. 5(h)). The dislocation should be out of contrast when its Burgers vector is 

parallel to the zone axis; therefore, the <c+a> dislocation observed here has a Burgers vector of ଵଷ[2ത113]. This is consistent with the principal dislocations located at the α/β interface [54,55]. 

These <c+a> interfacial dislocations may act as dislocation sources for the <c+a> dislocations 

observed in Fig. 5(h) and assist in accommodating plasticity along the crystal’s c-axis. The 

spacing of these <c+a> misfit dislocations is about 10 nm [55], which is sufficiently dense to 

emit enough dislocations to mediate plasticity. Slip transmission events along (01ത1)β-(101ത0)α 

were identified at several locations, as highlighted in the upper left corner in Fig. 5(g). To this 

point, many dislocations gliding on different slip planes pile up along the α/β interfaces with ߩ = 

24.75 µm-1. In addition, some dislocations are stored within the α layers, by the end of uniform 

deformation (Figs. 5(g) and (h)). With increasing storage of dislocations inside the α layers and 

slip transmission events, the rates of dynamic recovery of dislocations would be enhanced. The 

reduction in dislocation storage explains the reduced strain hardening rate and the transition from 

uniform deformation to localized deformation in the form of necking. 

These TEM studies reveal that dislocation activity within the 3D networks becomes 

increasingly intricate, initializing as slip on a preferred system, then transitioning to multi-slip, 

and then eventually multi-modal slip as strain increases. Evidently, the 3D arrangement of 

nanolayers gives rise to an increasingly isotropic slip pattern, favorably leading to more 

homogeneous deformation, rather than an increasingly more localized form of slip. By dispersing 

slip with evolving with strain, the biphase interfaces have effectively not only strengthen the 

material but vastly improved its strain hardening and ductility. The generation of back stresses, 
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promoted by the α/β interfaces, led to the sequential activation of slip systems on differently 

oriented prismatic and pyramidal planes, which provided the large deformability of the 

hierarchical 3D nanolayered Zr-2.5Nb. The high density and 3D configuration of α/β interfaces 

plays a critical role in strengthening and strain hardening.  

In summary, we present a bulk metal with a unique hierarchical 3D nanolayered 

microstructure, comprised of a high density of nano-scale duplex phases within micron-scale 

colonies, which are, in turn, located within grains tens of micrometers in diameter. The newly 

designed hierarchical 3D Zr alloy has a combination of high strength, strain hardening, and 

ductility. These novel mechanical properties can be attributed to the strengthening effect of the 

interfaces and activation of multiple slip systems. Because the DTMPT process can be easily 

advanced to industrial scales, it offers opportunties for designing high performance metals in 

sizes suitable for high performance structural applications.   
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Figure 1 
 

 
 
FIG. 1. (a) Zr-Nb binary phase diagram. (b) Microstructure of the coarse-layered (CL) Zr-2.5Nb. (c) 
Distribution of the  phase thickness in the CL (the black one) and hierarchical 3D layered Zr-
2.5Nb (the red one). (d) Temperature (the red one) and strain (the black one) vs time schedule 
associated with the DTMPT. (e) and (f) Hierarchical microstructure of 3D Zr-2.5Nb. 
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Figure 2 
 

 
  
FIG. 2. (a) Duplex-phase in hierarchical 3D Zr-2.5Nb. (b) Two phases have a Burgers orientation 
relationship. (c) High-resolution TEM image of the α/β interface. 
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Figure 3 
 

 
 

FIG. 3. (a) Engineering stress-strain curves for the CL and hierarchical 3D layered Zr-2.5Nb. (b) 
Variation of back stress with strain.  
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Figure 4 
 

 
 
FIG. 4. (a) and (b) Comparison of the mechanical properties of hierarchical 3D layered Zr-2.5Nb 
with other Zr alloys[47-53]. Group I has homogeneous microstructures, and Group II has 
heterogeneous microstructures. 
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Figure 5 
 

 
 
FIG. 5. Dislocation structures. (a) Tensile tests were interrupted at four critical stresses. (b) At 
σe=230 MPa. (c) and (d)At σe=394 MPa. (e) and (f) At σe=587 MPa. (g) and (h) At σe=693 MPa. (i) 
Illustration of the slip systems. 
 
 
 
 
 
 
 
 


