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Abstract 

We introduce the notion of continuum-equivalent traction-fields as local quantitative descriptors 

of the grain boundary interface. These traction-based descriptors are capable of predicting the 

critical stresses to trigger dislocation emissions from ductile <110> symmetrical-tilt nickel grain 

boundaries. We show that Shockley partials are emitted when the grain boundary tractions, in 

combination with external tensile loading, generate a resolved shear stress to cause dislocation 

slip. The relationship between the local grain boundary tractions and the grain boundary energy 

is established. 

Keywords:  mechanical strength; plasticity; dislocation emission; grain boundary structure; 
traction fields 
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 Interfaces are ubiquitous in a wide range of natural and engineering materials, and affect 

many of the mechanical properties. It is well-accepted that the grain boundary interfaces control 

the strength and ductility of conventional polycrystalline metals by disrupting the motion of 

dislocations across grains [1]. In nanocrystalline metals, however, the grain boundaries also serve 

as sources for dislocation nucleation and emission [2-4]. For over 30 years, engineering the 

atomic structure of grain boundaries has been suggested as a viable means to improve the bulk 

mechanical properties of nanocrystalline metals. Much of our understanding of the relationship 

between the structure of a grain boundary and its propensity to emit dislocations has been 

provided by postdictive molecular dynamics (MD) simulations [5-8]. However, predicting the 

onset of plasticity directly from the equilibrium grain boundary atomic structure remains an 

unresolved challenge, due to the lack of a suitable quantitative descriptor of the grain boundary 

structure.  

 The grain boundary energy is a fundamental global quantity, but no correlation currently 

exists between the energy of the boundary and its ability to emit dislocations [9]. Studies have 

instead adopted structural unit (SU) models which divide the grain boundary region into distinct 

groups of atoms [10]. For <110> symmetrical-tilt grain boundaries, for example, periodic arrays 

of four distinct SUs have been identified from four favored grain boundary orientations shown in 

Fig. 1A. Other grain boundaries can be represented by a combination of these four distinct SUs 

[11]. In metals with low stacking-fault energy, however, the extensive local atomic relaxations 

and delocalized grain boundary dislocations can produce grain boundary structures which are 

incompatible with the SU model description [8,11]. Even in cases when the delocalization is not 

too severe, the SUs within different grain boundary structures are not identical since they have 

varying degrees of distortion [12]. Nevertheless, grain boundaries containing E-SUs were found 
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to consistently emit dislocations at lower tensile stresses [7,13]. This peculiarity was attributed to 

the higher free volume of E-SU-containing grain boundaries, which allows atoms in the vicinity 

of the E-SUs to become more mobile due to lower electron density [14]. However, grain 

boundary porosity alone could not predict the critical stress required for the emission of 

dislocations. 

 To illustrate this issue, we create 16 bicrystal Ni <110> symmetrical-tilt grain boundary 

structures of varying tilt angles ߠ in MD (see Supplement for modeling details). Each of these 

two-dimensional (2D) grain boundary structures is characterized by a repeating sequence of A, C, 

D, and/or E SUs along the ݔଵ axis. We summarize the number and type of SUs as well as the 

number of pre-existing edge-type Shockley partials (ܾଵ) per grain boundary period ݀௣ in Fig. 1B. 

We subject each bicrystal structure to uniaxial tensile deformation applied in the ݔଶ direction 

perpendicular to the grain boundary until the first emission of dislocations. At this point, the 

stress-strain curves exhibit sudden loss of stress-carrying capacity (Supplement Fig. S1); the 

maximum tensile strength corresponds to the critical stress ߪଶଶ௖  for dislocation nucleation and 

emission. Fig. 1C summarizes ߪଶଶ௖  for the various grain boundary structures as a function of ߠ 

(black symbols), as well as those for single crystal structures of the same orientation (blue 

symbols). Grain boundary structures of ߠ ൏ 115° have high ߪଶଶ௖  exceeding 12 GPa. In contrast, 

grain boundary structures of ߠ ൐ 115° are inherently ductile, with ߪଶଶ௖  falling to below 6 GPa. 

One explanation for this brittle-to-ductile transition is the presence of active dislocation sources 

in the form of E-SUs along the ductile grain boundaries (Fig. 1B) [7,14]. Aside from these E-SU-

containing grain boundaries, certain grain boundary structures also contain pre-existing 

dislocations in the form of edge-type Shockley partials ሺܾଵሻ. However, some of these structures 

are inherently brittle under tension (e.g. Σ33ሺ118ሻ, Σ19ሺ116ሻሻ, though one of them (Σ33ሺ554ሻ) 
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has extremely low ߪଶଶ௖  of ~2 GPa. This indicates that the mere presence of dislocation sources 

along the grain boundary is not a sufficient gauge of its propensity to emit dislocations. In 

addition, the actual slip-system (magenta symbols in Fig. 1D) may not necessarily correspond to 

the one with the largest Schmid factor (black line) or the slip-system of pre-existing ܾଵ partials 

along the grain boundaries (blue symbols). What makes certain grain boundaries more ductile 

than others? What governs the actual slip-system of these grain boundaries, and in turn ߪଶଶ௖ ? 

Here, we show that the ductility of grain boundary structures can be accurately ascertained from 

continuum-equivalent traction-fields along the grain boundaries. Our traction-based predictions 

of ߪଶଶ௖  (red symbols in Fig. 1C) compare very well with postdictive MD simulations (black 

symbols) for ductile grain boundaries of ߠ ൐ 115°. The results are striking and exemplify the 

notion of continuum-equivalent traction fields as quantitative descriptors of the grain boundary 

atomic structures.  

 The local disruption of atoms from their bulk crystallographic arrangement near the grain 

boundary generates a stress-field which decays with distance from the boundary. We consider a 

plane-of-cut, with outer normal vector ݊௜ , along the equilibrium grain boundary structure 

obtained from MD simulations. A distribution of tractions ݐ௜  has to be introduced along this 

plane-of-cut to maintain the same disruption of atoms caused by the presence of the grain 

boundary, and we take these tractions to represent the equilibrium grain boundary structure. 

Since these tractions are the equivalent forces per unit area acting across the grain boundary, they 

are related to the Cauchy stress tensor by  ݐ௜ ൌ ௜௝ߪ ௝݊. In MD, the virial definition of stress is 

often interpreted as the Cauchy equivalent stress. However, one cannot directly determine the 

grain boundary tractions from virial stress information along the grain boundary, since this 

information is only available at discrete atomic sites and provides an indication of stress only in 
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an averaged sense. Instead, we represent the continuous shear ݐଵ  and normal ݐଶ  traction 

distributions along the grain boundary with a Fourier series expansion, and extract the Fourier 

coefficients of these traction distributions inversely from local atomic stress information in the 

vicinity of the grain boundary using the virtual work principle (see Supplement and Fig. S2). The 

reconstructed grain boundary tractions are continuum-equivalent, since they satisfy both 

compatibility and equilibrium requirements.  

 We first examine the traction signatures along the ductile grain boundary structures with ߠ ൐ 115°, where tensile deformation readily results in the emission of edge-type ܾଵ Shockley 

partial dislocations from the boundaries. We focus only on the traction signatures associated with 

dislocation emissions into the upper grain. The plane-of-cut for these traction distributions are 

centered along the wall of the ܾଵ partials in the case of Σ33ሺ554ሻ, or near the relevant E-SUs 

along the grain boundary where slip first initiates, as denoted by yellow dashed lines in the 

equilibrium atomic configurations of three representative ductile grain boundaries in Fig. 2. 

Because of the translational symmetry of these grain boundary structures, similar traction 

signatures are observed along the green dashed lines in Fig. 2 for dislocation emissions into the 

lower grain.  

 The presence of pre-existing ܾଵ partials is clearly evident for Σ33ሺ554ሻ in Fig. 2A. In the 

vicinity of these ܾଵ  partials, both the continuum-equivalent normal and shear traction 

distributions fluctuate in sync, transitioning from negative to positive traction peaks of almost 

equal magnitude within a single atomic spacing. For clarity, we average these continuous traction 

distributions over the spacing of atoms along the boundary to obtain the atomic-scale average of 

the local normal and shear tractions, as denoted by the red open and blue cross symbols. The 

equal but opposite tractions generated on pairs of neighboring atoms centered at the dislocation 
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core of the ܾଵ partial contributes to a shear-dominant loading along the close-packed {111} slip 

plane in the <112> slip direction (inset in Fig. 2A). This non-trivial resolved shear stress arises 

solely from local tractions along an undeformed grain boundary structure, and allows one plane 

of atoms to slip more easily over its neighboring plane of atoms. This explains why Σ33ሺ554ሻ 

grain boundaries are inherently ductile. Similar traction signatures are also observed along the Σ11ሺ332ሻ grain boundary in Fig. 2B. The equal but opposite normal and shear tractions acting 

on neighboring pairs of atoms within the E-SUs create high resolved shear stress along the close-

packed {111}<112> slip system, while the initiation of slip is readily accommodated by the 

porous E-SUs; both these factors result in the high ductility of the Σ11ሺ332ሻ grain boundary 

under tension. The Σ33ሺ441ሻ grain boundary in Fig. 2C is notably wavy, and possesses high 

local shear stresses at the periodic wavy peaks and valleys due to local bending, as reflected in 

the ݐଵ shear traction distribution. The emission of ܾଵ partials is largely assisted by the resolved 

shear stress contribution from opposing ݐଶ tractions on pairs of atoms along the boundary. The 

traction signatures of the ductile Σ9ሺ221ሻ, Σ27ሺ552ሻ and Σ19ሺ331ሻ grain boundaries represent 

intermediate cases that fall between the Σ11ሺ332ሻ  and Σ33ሺ441ሻ  grain boundaries, and are 

shown in Supplement Fig. S3. 

 The critical resolved shear stress ߬ୡ for emission of a ܾଵ partial from the grain boundary has 

contributions from both the grain boundary normal and shear tractions, and external loading. To 

quantify the former, we perform a finite element analysis of an upper half space to represent the 

upper grain of the bicrystal structure, with imposed normal (ݐଶ) and shear tractions (ݐଵ) along the 

boundary from our continuum-equivalent traction distributions representing the grain boundary 

structure (see Supplement for modeling details). The upper half space is taken to be linear elastic 

with anisotropic properties of Ni corresponding to ߠ, while the active {111}<112> slip system 
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for pre-existing or nucleated ܾଵ partials is modeled with a cohesive zone law (Fig. 3A). This 

cohesive zone law is fitted to the gradient of the generalized stacking fault energy (GSFE) of Ni 

along the <112> partial dislocation slip direction computed from MD (Fig. 3B). From our finite 

element calculations (e.g. Σ11ሺ332ሻ in Fig. 3C), we obtain the resolved shear stress contribution ߬GB associated with the equivalent sliding-separation (ߜGB) along the slip plane (inset in Fig. 3C). 

For a partial dislocation to be emitted, the total resolved shear stress from contributions of both ߬GB and external loading ߬ୣ୶୲ ൌ  ଶଶ must exceed the critical barrier stress of ߬଴~5.1 GPa forߪ ݉

shear-slip (Fig. 3B), where ߪଶଶ is the applied tensile stress, and ݉ is the Schmid factor of the 

slip-system associated with the ܾଵ partial emission from the grain boundary. Hence, the predicted 

tensile strength of the grain boundary is ߪଶଶ௖ ൌ ሺ߬଴ െ ߬GBሻ ݉⁄ . We remark that the direction of ܾଵ 

partial emission for the E-SU-containing grain boundaries can be ascertained from the lowest ߪଶଶ௖  

for the possible active slip-systems; this is in contrast to the operative slip-system for a bulk 

crystal lattice which corresponds to the one with the maximum Schmid factor. 

 We have calculated ߬GB , and in turn the predicted ߪଶଶ௖ , for the various grain boundary 

structures. For the ductile grain boundaries of ߠ ൐ 115°, our traction-based predictions for ߪଶଶ௖  

(red symbols in Fig. 1C) are in perfect agreement with postdictive MD simulations (black 

symbols). These ductile grain boundary structures have either pre-existing Shockley partials, or 

have intact E-SUs where partial dislocations are readily emitted due to low nucleation stress. The 

brittle grain boundary structures of 55° ൏ ߠ ൏ 100° also contain pre-existing Shockley partials, 

and their traction signatures (Supplement Fig. S4) are very similar to the extremely ductile Σ33ሺ554ሻ grain boundary in Fig. 2A. In the case of Σ33ሺ554ሻ, the pre-existing Shockley partials 

are on slip-systems corresponding to the largest Schmid factor. In contrast, the pre-existing 

Shockley partials of all four grain boundary structures between 55° ൏ ߠ ൏ 100° are on slip-
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systems with low Schmid factor of < 0.2 (Fig. 1D). The deformation mechanisms of these grain 

boundary structures are not governed by dislocation processes due to the low Schmid factor, but 

instead involve phase boundary migration and grain rotation [8] which are outside the purview of 

the traction-based descriptor.  

 In the case of Σ33ሺ118ሻ and Σ19ሺ116ሻ grain boundaries, the pre-existing ܾଵ partials are now 

on slip-systems with much higher Schmid factors. However, the traction signatures of these grain 

boundaries (Supplement Fig. S5) indicate a resolved shear stress contribution of ߬GB < 0 which 

opposes that generated by tensile loading; direct emission of the pre-existing ܾଵ partials would 

require even higher tensile loads of ሺ|߬GB| ൅ ߬଴ሻ ݉⁄ . Hence, the local stress concentrators along 

the Σ33ሺ118ሻ  and Σ19ሺ116ሻ  grain boundaries actually prevent the emission of these grain 

boundary dislocations under tension. Such grain boundary structures are therefore inherently 

brittle under tension, but readily emit dislocations under compression. For these grain boundary 

structures, dislocation nucleates from within the bulk crystal lattice rather than from the grain 

boundaries under tension, and have different slip-systems from the pre-existing ܾଵ partials along 

the grain boundaries (Fig. 1D).  

 The remaining grain boundary structures of Σ11ሺ113ሻ, Σ9ሺ114ሻ, Σ27ሺ115ሻ, and the twin-

boundary structure Σ3ሺ111ሻ comprise of A, C, and/or D SUs, and do not have pre-existing ܾଵ 

partials (Supplement Fig. S5). The A and D SUs are those of perfect face-centered-cubic (FCC) 

crystals and low-energy twin-boundaries, respectively, and are not sources for dislocation 

nucleation under tension. The C SUs are lattice dislocations with ଵଶ ሾ110ሿ cores in the out-of-

plane direction [15]. Hence, there are no active dislocation sources along these grain boundary 
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structures to allow emission in the in-plane directions under tension, which explains why these 

structures have comparable tensile strength to their single crystal counterparts (Fig. 1C).  

 Our above results demonstrate that the continuum-equivalent traction-fields are local grain 

boundary descriptors. These grain boundary ݐଵ, ଶݐ  tractions will have associated ݑଵ,  ଶݑ

separations along the grain boundary as a work-conjugate. For grain boundaries with active 

dislocation sources, i.e. pre-existing Shockley partials or E-SUs, we compute the ݑଵ,  ଶ localݑ

separation distributions via the displacements of the deformed half-space in our finite element 

model with cohesive zones representing the active slip-systems (Fig. 3C). In the absence of 

active dislocation sources, i.e. Σ11ሺ113ሻ, Σ9ሺ114ሻ, Σ27ሺ115ሻ  and Σ3ሺ111ሻ, these separation 

distributions are computed from a finite element half-space without cohesive zones. Then, the 

traction energy defined by ׬ ࢛ · ଵݔ݀ ࢚ , accounting for contributions from both the upper and 

lower half-spaces (grains), represents the energy contribution from the local disruption in the 

bulk crystallographic arrangement of atoms outside the core structure of the grain boundary (e.g. 

outside of the dashed yellow and green lines in Fig. 2). This traction energy is primarily 

responsible for the generation of (a) an elastic stress-field which decays with distance from the 

boundary, as well as (b) a resolved shear stress along the <112> crystal orientations for grain 

boundaries with active dislocation sources. In addition to the traction energy, there is also a 

structural energy component which can be delineated into the structural energies of the A, C, D 

and E SUs, as well as the stacking fault energy and dislocation core energy of any pre-existing ܾଵ 

partial. See Supplement for calculation details. The combined contribution of the structural and 

traction energies then consititues the global descriptor – the grain boundary energy, as shown in 

Fig. 4. Observe that the structural energy is a major component of the grain boundary energy, but 

this component is not directly responsible for emission of dislocations from the grain boundary 
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structure. Even from the traction energies, one cannot discern if the grain boundary structures are 

ductile or brittle, thus local grain boundary descriptors are required. This explains the poor 

correlation between grain boundary energy and the mechanical properties [7,9]. 

 In summary, we have shown that grain boundary traction-fields are capable of quantitatively 

predicting the critical stresses to trigger dislocation emissions across all ductile symmetrical-tilt 

<110> Ni grain boundary structures. Such descriptors allow us to accurately ascertain the 

strength and ductility of a grain boundary directly from its atomic structure. The establishment of 

traction-based grain boundary descriptors is broadly applicable to predicting the deformation 

mechanics in complex interface structures subjected to a variety of loading conditions. This has 

important implications in the predictive rather than postdictive design and engineering of grain 

boundaries. 
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Fig. 1.  (A) Periodic arrays of the A, C, D, and E structural units (SUs) along four favored <110> 
symmetrical-tilt grain boundaries: Σ1ሺ110ሻ, Σ11ሺ113ሻ, Σ3ሺ111ሻ, and Σ9ሺ221ሻ. (B) Count of 
SUs and edge-type Shockley partials ሺܾଵሻ within a single grain boundary period ሺ݀௣ሻ of the Ni 
<110> symmetrical-tilt grain boundary structures. (C) Critical tensile strength for emission of 
Shockley partials ሺߪଶଶ௖ ሻ versus grain boundary tilt angle ሺߠሻ from MD simulations and traction-
based predictors. (D) Maximum Schmid factor, and the Schmid factors of actual slip-systems and 
slip-systems of pre-existing ܾଵ partials, versus ߠ. 
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Fig. 2.  Traction-signatures along (A) Σ33ሺ554ሻ, (B) Σ11ሺ332ሻ, and (C) Σ33ሺ441ሻ ductile grain 
boundaries. (i) Continuum-equivalent normal and shear traction distributions (lines), which are 
averaged over the atomic spacing along the boundary to obtain the atomic-scale tractions 
(symbols). (ii) Atomic configurations of the equilibrium grain boundary structure. (iii) Atomic 
configurations of the deformed grain boundary structure at the first instant of ܾଵ partial emission. 
Atoms in (ii) and (iii) are colored by their centro-symmetry parameter. Intersections between the 
yellow and black dashed lines in (ii) denote the sites for ܾଵ partial emission into the upper grain. 
Close-up views of the deformed configurations in the insets in (ii): red and blue arrows denote 
the normal and shear tractions on atom pairs at the origin of dislocation slip; black arrows denote 
the resolved shear stress contribution from the grain boundary tractions. 
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Fig. 3.  Resolved shear stress contributions from grain boundary tractions. (A) Schematic of the 
finite element model of an upper half-space with imposed grain boundary tractions to represent 
the upper grain; cohesive zone laws (CZL) along the emission path account for slip of the ܾଵ 
partials. (B) Cohesive zone law calibrated from MD for slip of a ܾଵ partial in the <112> direction. 
(C) Finite element calculations of the deformed geometry of the equilibrium Σ11ሺ332ሻ grain 
boundary structure with displayed contours of the ߪଶଶ stress; schematic of the resolved shear 
stress ߬GB and associated sliding-separation ߜGB along the slip-plane in the inset.   
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Fig. 4.  Grain boundary energy of the Ni <110> symmetrical-tilt grain boundary structures, 
delineated into traction and structural energy contributions. 

 


