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Abstract 

We report the interfacial shear strength of graphene on pure and oxidized Ti and Al metal 

surfaces using density functional theory calculations. Our results show significant changes to the 

graphene-metal bonding properties in the presence of an oxide phase. In particular, the strongly-

chemisorbed interface between graphene and pure Ti is drastically weakened by the formation of 

a metal-oxide phase, while the weakly-physisorbed interface between graphene and pure Al is 

significantly strengthened through the metal oxide formation. These oxidation effects can be 

modulated to some extent by the presence of vacancy or Stone Wales defects which increases the 

binding interactions of weaker graphene-metal interfaces. These dramatic changes to the 

interfacial properties by surface-oxidation explain the results of recent carbon nanotube pull-out 

experiments from Al and Ti metal-matrix-nanocomposites. 
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1. Introduction 

Graphene is a single atomic sheet of carbon atoms that has exceptional mechanical, thermal, 

and electrical properties [1,2]. There has been considerable interest in using graphene or its 
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rolled counterpart, carbon nanotube (CNT), as a reinforcement in metal matrix composites 

(MMCs) [3–5] because of their inherent stability at elevated temperatures, high stiffness and 

strength, as well as superior electrical and thermal conductivity derived from the metal matrices. 

Such unique combination of properties relies on effective bonding along the graphene-metal 

interface [6,7]. First principle calculations show that some metals, such as Ni(111), Ti(0001), and 

Ru(0001) [6, 8-10], undergo strong binding with graphene through chemisorption, while other 

metals, such as Al(111), Pt(111), and Ir(111) [8,9,11,12], exhibit weak interactions through 

physisorption. Despite the predicted strong graphene-Ti binding interactions, the mechanical 

properties of CNT-reinforced Ti-MMCs have fallen short of anticipated levels. For example, the 

addition of ~0.4 wt% of CNTs in Ti-MMCs increases the ultimate tensile strength of Ti by ~11-

28% to ~754 MPa [13,14], which is still lower than the ~900 MPa tensile strength of 

commercially-available Ti-6Al-4V alloys [15]. Failure of these composites in the form of 

nanotube pull-out suggests a lack of effective load transfer between the nanotube and the metal 

matrix [4]. Contrary to the purported weak Al-graphene versus strong Ti-graphene binding, 

single-nanotube pull-out studies from Ti- and Al-MMCs further showed that the pull-out loads 

for CNT-Ti were only ~32% higher than for CNT-Al, and the trend was reversed for thermally-

annealed MMCs [16].   

The interfacial load transfer mechanisms in nanocomposite structures are sensitive to 

reaction products formed along the high density of interfaces [17]. Pristine graphene is generally 

inert and does not react with its host metal. The metal surface, by contrast, is reactive and forms 

oxides at elevated processing temperatures, under thermal annealing conditions, or even when 

exposed to the ambient environment. The binding properties of graphene on surface-oxidized 

metals can differ profoundly from those on bare metals. Here, we conduct first principle 
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calculations to quantify the barrier energy and shear strength for sliding of graphene on pure and 

oxidized Al and Ti surfaces. We demonstrate that surface oxidation lowers (increases) the 

interfacial shear strength of graphene on Ti (Al) by two orders of magnitude. These dramatic 

changes to the interfacial properties explain the results of single-nanotube pull-out 

experiments [16,18] from Al and Ti-MMCs prior to, and after thermal annealing.  

2. Modeling 

We model monolayer graphene on (a) bare metal surfaces of Al(111) and Ti(0001), (b) 

monolayer O atoms bonded to the exposed Al(111) and Ti(0001) metal surfaces at the stable 

FCC absorption sites [19–21], and (c) O-terminated bulk ߙ-Al2O3(0001) and rutile TiO2(110), as 

shown in Fig. 1a. These respective graphene-metal systems depict increasing extents of 

oxidation, which transform the substrate from its bare metal form (Ti, Al) in (a), to having a 

mono layer of oxide on the surface (Ti-O, Al-O) in (b), and finally allowing subsurface diffusion 

of O atoms to form thick bulk oxide interphases of the respective metals (TiO2, Al2O3) in (c). We 

model 2×2 unit cells of graphene below the metal lattice for each supercell, with exception of 

TiO2-graphene where we model larger 6×6 unit cells of graphene because of the larger mismatch 

in lattice parameters between graphene and TiO2(110). The resulting average in-plane lattice-

mismatch strains are 1.1% for (Al, Al-O)-graphene, 4.3% for (Ti, Ti-O)-graphene, 2.9% for 

Al2O3-graphene, and 1.9% for TiO2-graphene. We introduce a 10-12 Հ vacuum layer above the 

top free surface of the metal/metal-oxide to avoid interactions of the periodic images. 

Throughout our simulations, we freeze the top three rows of atoms (two in the case of TiO2) in 

their bulk lattice positions to represent that of the bulk metal/metal-oxide substrate.  
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Our density functional theory (DFT) calculations are performed using the Vienna ab initio 

simulation package (VASP) [22–24]. The Projector Augmented Wave (PAW) based 

pseudopotentials [24,25] are used to represent the interaction between ionic cores and valence 

electrons, while the Ceperley-Alder form of the local density approximation (LDA) [26] as 

parameterized by Perdew-Zunger is adopted for exchange and correlation  [27]. Gamma centered 5 ൈ 5 ൈ 1 Monkhorst Pack k-point grids are used for Brillouin zone sampling in all the above 

pristine graphene-metal systems, except for TiO2-graphene where the larger in-plane dimensions 

of the supercell permitted the use of a smaller 2 ൈ 2 ൈ 1 k-point sampling. Throughout our 

simulations, we adopt an electronic kinetic energy cut-off of 450 eV for the plane wave basis sets 

describing valence electrons.  

3. Results 

Previous studies have used the equilibrium interfacial binding distance of 2.0 ൏ ݀ ൏ 2.5 Հ to 

denote chemisorption due to strong interactions, and ݀ ൐ 3.0 Հ  to denote physisorption 

associated with weak interactions [28]. Based on this simple criterion, our DFT calculations for 

the respective structures after quantum-mechanical relaxation (Fig. 1a) show that graphene is 

chemisorbed on Ti(0001) with ݀ ൌ 2.16 Հ, but is physisorbed on Ti-O with ݀ ൌ 3.00 Հ and 

weakly-chemisorbed on TiO2 with ݀ ൌ 2.66 Հ. In contrast, graphene is physisorbed on Al(111) 

with ݀ ൌ 3.16 Հ, but the interaction transitions to weak-chemisorption with ݀ ൌ 2.95 Հ and 2.60 Հ on Al-O and Al2O3, respectively. These trends are also reflected in the electron localized 

function (ELF) contours for all three graphene-metal systems (Fig. 1b), which depict the 

probability of finding an electron near another electron with the same spin. We observe distinctly 

higher ELF values of ~0.3 across Ti-graphene versus ~0.1 across Al-graphene, because of 
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hybridization of the unoccupied d-orbitals in transition Ti metal with the 2p-orbitals of C atoms 

in graphene [9,29]. For graphene on Ti-O and Al-O substrates, or on bulk TiO2 and Al2O3 

phases, the Ti-C and Al-C interactions are weakened by O atoms on the metal surface which 

reside above the graphene π-cloud. Instead, the graphene-metal binding properties are primarily 

due to polarizing effects of the electronegative O atoms interacting with the ߨ orbitals of 

graphene C atoms across the interface [30]. See the localization of electron pockets in the 

vicinity of the O atoms closest to the graphene sheet for both oxides of Ti and Al in Fig. 1b. 

Close examination of the ELF contours for TiO2-graphene versus Al2O3-graphene in the vicinity 

of the O-terminated interface show higher electron densities (higher ELF intensities) for the 

latter, which suggests stronger bonding between graphene and Al2O3 as compared to graphene 

and TiO2. 

We quantify the barrier energies and barrier strengths for graphene-metal interfacial sliding 

by reconstructing the entire potential energy landscape to find possible minimum energy 

pathways for interfacial sliding. Figs. 2a and 3a show the in-plane atomic configurations for Ti- 

and Al-graphene at the initial minimum energy state (∆ߛ ൌ 0), as viewed from the bottom.  We 

iteratively displace the graphene layer with respect to the metal substrate at ~0.5 Հ intervals in 

the horizontal and lateral in-plane directions. After each translational displacement, we fix the in-

plane positions of the ions while allowing them to relax in the out-of-plane directions, and 

calculate the change in energy, ∆ߛ, normalized with respect to the interfacial area. The energy 

tolerance for ionic relaxation through the conjugate gradient method ranges from 10-4 eV to 10-7 

eV depending on the calculated ∆ߛ for the various graphene-metal interfaces. Figs. 2b and 3b 

show the energy contours ∆ߛ associated with in-plane sliding of graphene on bare Ti and Al; the 

symbol ‘x’ denotes the initial state, while a sample of possible minimum energy pathways for 
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interfacial sliding is marked by arrows. Each pathway a-c connects the initial state to a second 

local minimum energy state, represented by a stable energy-well (blue), and we show the 

evolution of ∆ߛ along each of these sliding pathways in Figs. 2c and 3c. The corresponding shear 

stress along the sliding pathways, ߬ ൌ ௗ∆ఊௗఋ , are shown in Figs. 2d and 3d. For Ti-graphene, 

pathways a and b have nearly-identical (∆ߛ, ߬ሻ versus ߜ profiles because of symmetry, with 

barrier energies of ~2.3 eV/nm2 and critical shear-strengths of ~5.5 GPa for interfacial sliding; 

pathway c has marginally lower barrier energy of ~2.0 eV/nm2 and critical shear-strength of ~5 

GPa. These high barrier energies and critical shear strengths for sliding of graphene on bare Ti 

are a direct result of strong interfacial interactions due to chemisorption. In comparison, the weak 

physisorption interactions between graphene and bare Al allow for interfacial sliding with 

negligible barrier energies of ~2.6 െ 3.1 ൈ 10ିଷ eV/nmଶ and low critical strengths of ~1.0 െ1.1 ൈ 10ିଶ GPa. 

Fig. 4a shows the in-plane atomic configurations of graphene on oxidized Ti and Al surfaces 

at the initial minimum energy state, i.e. ∆ߛ ൌ 0. The corresponding ∆ߛ energy contours for 

interfacial sliding are shown in Fig. 4b. Observe that the ∆ߛ contour for Al-O-graphene preserves 

the three-fold symmetry of Al-graphene, as also shown by the near-identical ∆ߛ and ߬ profiles 

along the three sliding pathways a-c (Figs. 5c and 6c), which allows for isotropic interfacial slip. 

The formation of a bulk Al2O3 phase, however, creates a distinct lower-energy sliding direction 

along path a. This preferred sliding path (path a) has a 2.5-fold lower barrier energy (Fig. 5d) and 

1.8-fold lower critical shear strength (Fig. 6d) compared to the next lowest energy pathway (path 

b), which results in anisotropic slip. The three-fold symmetry in the ∆ߛ contours, indicative of 

isotropic slip, is somewhat loosely-maintained for both Ti-O- and TiO2-graphene (Figs. 5a-b and 

6a-b).  
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 We summarize the average critical barrier energy ∆ߛ௖ and average critical shear strength ߬௖ 

for graphene sliding along the sample of low energy pathways in Table 1, and include the 

maximum deviation to denote the extent of anisotropic slip. Observe that the formation of mono 

layer of oxide on the surface of Ti decreases both ∆ߛ௖ and ߬௖ from a high 2.23 eV/nm2 and 5.27 

GPa to 0.039 eV/ nm2 and 0.07 GPa. The formation of thicker bulk TiO2 oxide phases further 

decreases ∆ߛ௖ and ߬௖ by 3-folds to 0.013 eV/ nm2 and 0.02 GPa, respectively. In comparison, the 

weak physisorption interactions for Al-graphene results in negligible ∆ߛ௖ and ߬௖ of 0.003 eV/ 

nm2 and 0.01 GPa, respectively. While the formation of a monolayer of oxide on the surface of 

Al(111) does not significantly change ∆ߛ௖ or ߬௖, further oxidation to form a thicker bulk Al2O3 

oxide phase creates a weakly-chemisorbed interface with substantially larger ∆ߛ௖ and ߬௖ of 

0.117 eV/ nm2 and  of 0.23 GPa, respectively.  

 As grown graphene or CNTs from chemical vapor deposition are rarely pristine, and may 

contain a small percentage of vacancy or Stone-Wales defects. Much higher defect densities can 

also be generated during transfer printing of CVD-grown graphene, or during sonication 

processes used to disperse and cut CNTs or graphene [31]. To quantify the contributions of these 

defects to the shear strength properties of graphene on bare Ti and Al metals and their TiO2 and 

Al2O3 bulk oxide phases, we model larger 6x6 unit cells of graphene in the supercells of these 

four graphene-metal configurations, and introduce one 5-7-7-5 Stone Wales defect (by rotating 

one C-C bond) or vacancy defect (by removing one C atom) in each graphene sheet. The larger 

6x6 graphene sheet (2 ൈ 2 ൈ 1 k-point sampling) allows for increased separation distances 

between defects in the periodic simulation box.  
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 We reconstruct the ∆ߛ energy contour maps associated with graphene-metal sliding in the 

presence of Stone Wales and vacancy defects (Figs. 7 and 8), and summarize the critical barrier 

energies ∆ߛ௖ and shear strengths ߬௖ for interfacial sliding in Table 1. We note that the ∆ߛ 

contours for Ti-graphene retain their 3-fold symmetry in the presence of Stone Wales and 

vacancy defects; the associated ∆ߛ௖ and ߬௖ are also not significantly different (< 25%), implying 

that these lattice defects have limited contribution to the interfacial shearing properties 

presumably because of the already strong chemisorption interactions. For weaker TiO2-graphene, 

however, Stone Wales or vacancy defects tend to significantly increase ߬௖ by 4,150 % and 

25,850 % respectively; the ∆ߛ contours are also very different because of the deeper energy 

wells (blue) resulting from locally-enhanced graphene-metal interactions at the defect site. This 

enhanced interactions result from changes in the local distribution of the ߨ-electron density at the 

Stone-Wales defect site, or the formation of strong chemical bonds at the vacancy site [32,33]. 

Similar effects are observed for the weakly physisorbed Al-graphene, where locally-enhanced 

Al-C bonding at the Stone Wales or vacancy defect sites deepens the energy wells and increases 

both ∆ߛ௖ and ߬௖. In the case of stronger Al2O3-graphene interface, our results show no 

significant changes to ∆ߛ௖ and ߬௖ in the presence of either Stone Wales (~44%) or vacancy 

defects (~14% for ∆ߛ௖  and ~60% for  ߬௖), though a 3-fold symmetry in the ∆ߛ contours is 

recovered.  

4. Discussions and Conclusion 

 The binding energy, ܧ௕, or work of adhesion is the energy required to separate unit-area of 

graphene from the metal surface and is widely used to quantify the graphene-metal binding 

interactions. This binding energy is related to, but different from, the calculated ∆ߛ௖ for sliding 
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of graphene on the metal surfaces. If ܧ௕ is smaller or comparable to ∆ߛ௖, the graphene-metal 

interface readily separates to form a crack. If ܧ௕ is significantly larger than ∆ߛ௖, interfacial 

sliding of graphene on the metal surface can occur without decohesion. Here, we calculate ܧ௕ 

from the difference between the relaxed energy of each graphene-metal system with that of the 

isolated metal substrate and free-standing graphene, per unit interfacial area. As shown in Table 

-௕ dramatically decreases from 15.82 eV/nm2 for Ti-graphene to 0.85 eV/nm2 for Ti-Oܧ ,1

graphene and 3.62 eV/nm2 for TiO2-graphene, but steadily increases from 0.57 eV/nm2 for Al-

graphene to 2.21 eV/nm2 for Al-O-graphene and 3.68 eV/nm2 for Al2O3-graphene. Note that the 

significantly lower ܧ௕ for Ti-O-graphene versus Al-O-graphene can be attributed to the 2-fold 

lower surface density of O atoms interacting with the ߨ orbitals of graphene C atoms across the 

interface. For all six graphene-metal systems, the measured ܧ௕ values are consistently higher 

than ∆ߛ௖ by several folds, which suggests shear-induced interfacial sliding to be the dominant 

failure mode.  

 Our DFT calculations demonstrate that oxidation dramatically reduces the binding 

interactions of graphene on Ti, but significantly improves those of graphene on Al. These 

contrasting responses explain the results of prior experiments which conduct the pull-out of 

individual CNTs from Ti and Al matrices, which are summarized in Fig. 9. These 

experiments [16-18] report average interfacial shear strengths (IFSS) of 38 MPa and 28 MPa for 

the pull-out of CNT along partially-oxidized surfaces of Ti and Al matrices, respectively. Further 

oxidation of these matrices by thermal annealing prior to CNT pull-out increased the average 

IFSS of CNT along Al to 35 MPa, but reduced that of graphene along Ti to 22 MPa. We remark 

that these experimental IFSS values are well within our DFT-calculated IFSS values of 20 MPa 
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to 230 MPa for graphene along surface-oxidized Al, and 20 MPa to 70 MPa for graphene along 

surface-oxidized Ti.  

In summary, we have quantified the shear-sliding resistance of graphene along both bare 

metal and oxidized Ti and Al surfaces. We found opposite changes to the sliding barrier energy 

and shear-strength properties of graphene on these two types of metals when surface oxidized: 

the high interfacial shear strength of ~5 GPa along pure-Ti/graphene is reduced by two orders of 

magnitude to ~20 MPa along TiO2/graphene, while the interfacial shear strength of ~10 MPa 

along pure-Al/graphene increases to ~0.2 GPa along Al2O3/graphene. The presence of Stone-

Wales or vacancy defects in graphene significantly improves the shear strength along weaker 

TiO2/graphene and pure-Al/graphene interfaces, but has limited influence on stronger pure-

Ti/graphene and Al2O3/graphene interfaces. These fundamental insights on graphene-metal 

interfaces have important implications for graphene-reinforced MMCs, fabrication of graphene-

metal contacts in graphene transistors [34,35], as well as the transfer printing and epitaxial 

growth of graphene on metallic substrates [36,37]. 
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Table 1: Summary of binding energy ܧ௕, as well as barrier energy ∆ߛ௖ and critical shear strength ߬௖ for interfacial sliding of graphene on surfaces of bare metal Ti and Al, surface-oxidized Ti 
and Al, and bulk Ti and Al oxides. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

  

Structure ܧ௕ (eV/nm2) ∆ߛ௖ (eV/nm2) ߬௖ (GPa) 
Ti-graphene Pristine 15.8   2.23േ0.14 5.27േ0.46 

Stone-Wales  17.1 1.71േ0.15 3.95േ0.47 
Vacancy 18.7 1.88േ0.019 5.78േ0.16 

Ti-O-graphene Pristine 0.85 0.039േ0.011 0.07േ0.015 
TiO2-graphene Pristine 3.62 0.013േ0.003 0.02േ0.012 

Stone-Wales  3.82 0.286േ0.067 0.85േ0.020 
Vacancy  3.80 2.32േ0.43 5.19േ0.063 

Al-graphene Pristine 0.57 0.003േ0.0003 0.01േ0.001 
Stone-Wales  1.25 0.067േ0.009 0.13േ0.001 

Vacancy  2.26 0.69േ0.01 1.32േ0.28 
Al-O-graphene Pristine 2.21 0.004േ0.0003 0.02േ0.001 
Al2O3-graphene Pristine 3.68 0.117േ0.051 0.23േ0.066 

Stone-Wales  1.83 0.065േ0.007 0.13േ0.023 
Vacancy  2.83 0.10േ0.02 0.37േ0.07 
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Fig. 1: Cross-sectional views of the (a) atomic configurations and (b) electron-localized 
function (ELF) contours of graphene on bare metal surfaces of Al (Al-graphene) and Ti (Ti-
graphene), O atoms bonded to exposed Al (Al-O-graphene) and Ti (Ti-O-graphene) metal 
surfaces, and O-terminated bulk ߙ-Al2O3 (Al2O3-graphene) and rutile TiO2 (TiO2-graphene). 
Atoms colored in red, green, yellow, and orange represent O, Ti, Al, and C, respectively. Dashed 
black lines denote in-plane periodicity of the supercells. ELF contour value of close to 0.5 
(green) corresponds to a uniform smeared-out electron cloud as in metallic bonding, while an 
ELF value of 1.0 (red) denotes high probability of finding electron localization as in covalent 
bonding.  
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Fig. 2: Sliding of graphene on bare Ti surface. (a) In-plane atomic configuration of Ti-graphene 
at the initial minimum energy state, as viewed from the bottom. (b) Energy contours ∆ߛ 
associated with in-plane sliding of graphene for Ti-graphene. (c,d) Evolution of ∆ߛ and shear 
stress ߬ along possible minimum energy sliding pathways a-c marked in (b).  
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Fig. 3: Sliding of graphene on bare Al surface. (a) In-plane atomic configuration of Al-graphene 
at the initial minimum energy state, as viewed from the bottom. (b) Energy contours ∆ߛ 
associated with in-plane sliding of graphene for Al-graphene. (c,d) Evolution of ∆ߛ and shear 
stress ߬ with sliding displacements ߜ along possible minimum energy pathways a-c marked in 
(b).  

 

  



17 
 

 

Fig. 4: Sliding of graphene on oxidized Ti and Al. (a) In-plane atomic configurations of 
graphene on surface-oxidized (Ti-O, Al-O) and bulk oxide (TiO2, Al2O3) metals, as viewed from 
the bottom. (b) Energy contours ∆ߛ associated with in-plane sliding of graphene on the 
respective metal substrates. 
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Fig. 5: Evolution of energy change ∆ߛ versus sliding displacement ߜ of graphene along possible 
minimum energy sliding pathways of (a) Ti-O, (b) TiO2, (c) Al-O, and (d) Al2O3 substrates.   
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Fig. 6: Evolution of shear stress ߬ versus sliding displacement ߜ of graphene along possible 
minimum energy sliding pathways of (a) Ti-O, (b) TiO2, (c) Al-O, and (d) Al2O3 substrates.   
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Fig. 7: Sliding of graphene with Stone Wales defects on bare-metal Ti and Al surfaces and the 
respective bulk oxide surfaces. (a) In-plane atomic configurations of graphene on the respective 
metal substrates, as viewed from the bottom. (b) Energy contours ∆ߛ associated with in-plane 
sliding of graphene on the respective metal substrates. 
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Fig. 8: Sliding of graphene with vacancy defects on bare-metal Ti and Al surfaces and the 
respective bulk oxide surfaces. (a) In-plane atomic configurations of graphene on the respective 
metal substrates, as viewed from the bottom. (b) Energy contours ∆ߛ associated with in-plane 
sliding of graphene on the respective metal substrates. 
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Fig. 9: Carbon nanotube (CNT) pull-out experiments from Ti and Al matrices. (a) Schematic 
of the pull-out process for a CNT with diameter of 3.12 nm subjected to applied pull-out force ܨ௫. (b,c) Pull-out force versus nanotube length for Ti- and Al-CNT nanocomposites. Symbols in 
blue denote results from room-temperature experiments conducted without thermal annealing, 
while symbols in red denote results for thermally-annealed nanocomposites. Results for 
thermally annealed Ti-CNT are currently unpublished, while the remaining results are published 
in [16,18].  

 

 

 


