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ABSTRACT 

Photoemission features associated with states deep in the band gap of n-SrTiO3(001) are found to be 
ubiquitous in bulk crystals and epitaxial films. These features are present even when there is little signal 
near the Fermi level. Analysis reveals that these states are deep-level traps associated with defects. The 
commonly investigated defects - O vacancies, Sr vacancies, and aliovalent impurity cations on the Ti sites 
- cannot account for these features. Rather, ab initio modeling points to these states resulting from 
interstitial oxygen and its interaction with donor electrons. 

I. INTRODUCTION 

SrTiO3 (STO) is a prototypical oxide semiconductor of considerable interest for oxide electronics. 
Much effort has been expended to achieve high electron mobilities in bulk and thin-film STO and, 
accordingly, much effort has been expended to gain control over STO synthesis with the goal of 
producing atomically precise material. Inherent in this scientific endeavor is the need to classify and 
quantify defects and assess their impact on electronic properties. The electronic properties of bulk STO 
have been extensively studied. Hall data taken for Nb-doped STO at room temperature show that the 
carrier concentration is typically less than the Nb concentration [1]. High-temperature transport data are 
typically interpreted in terms of the equilibration of O vacancies (VO), Sr vacancies (VSr), aliovalent cation 
impurities on the Ti site (MTi), and donor dopants [2-5]. VSr and MTi are deep-level acceptors that can trap 
donor electrons from VO. Interstitial O (Oint) has not been considered in these models because its 
formation energy is high in fully equilibrated STO crystals [6]. Additionally, a significant literature exists 
describing the use of undoped (i.e. not intentionally doped) STO crystals as substrates and active channel 
materials in polar/nonpolar oxide heterostructures, such as the heavily-studied LaAlO3/SrTiO3(001) 
(LAO/STO) interface. Here, some form of electron transfer results in carriers within the STO. However, it 
is universally observed that sheet carrier concentration at the interface is an order of magnitude lower than 
expected based on the electronic reconstruction model [7-9] or a surface defect charge transfer model 
associated with H adsorption [10]. It is thus important to understand the nature of traps in STO.  

Photoemission spectroscopy is an ideal way to directly probe occupied states within the band gap. 
The absence of background counts from higher kinetic photoelectrons that inelastically scatter endows the 
method with exquisite sensitivity. For doping levels in the atomic percent range or higher, n-STO exhibits 
a feature at or slightly below the Fermi level (EF) associated with photoemission from itinerant electrons 
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from donors. This peak (feature A) has been referred to as the “metallic band”. For example, a large 
metallic band, attributed to a two-dimensional electron gas (2DEG), appears within ten minutes when 
using synchrotron-based soft x-rays for photoemission as the intense x-ray beam induces extensive VO 
creation in the near-surface region of the crystal [11-14]. 

Photoemission features have also been observed deeper in the gap for many years and have been 
appropriately named “in-gap states”. These consist of a broad peak ~1-2 eV below EF (feature A'), which 
typically appears along with feature A, and a second broad feature tailing off the top of the valence band 
(VB) (feature B). Feature A' has received considerable attention, but feature B has been discussed very 
little. Early studies interpreted A' as being due to many-body effects [15]. However, it was pointed out 
that electron correlation is not sufficiently strong at low doping levels to drive Hubbard band formation 
[16]. A and A' have also been referred to as “coherent” and “incoherent” states, respectively [17]. 
“Coherent” denotes that electrons therein are screened by a delocalized band that is coherent with the 
lattice, whereas electrons in A' are thought to be screened by localized states that some investigators 
associated with VO [18]. Ishida et al. [17] performed resonant photoemission on SrNbxTi1-xO3 (Nb:STO, x 
= ~0.06) and concluded that electron correlation is not likely to exert a major influence, at least for small 
x. Rather, it was argued that weak local screening causes A' to split off from A. Resonant photoemission 
results also reveal that A is largely Ti 3d derived whereas A' has mixed Ti 3d and O 2p character [17, 19]. 
Additionally, resonant photoemission was used to probe the interface electronic structure at conductive 
LAO/STO heterojunctions. Features analogous to A and A' were observed and assigned to polarization 
doping and localized VO states, respectively [18]. Koitzsch et al. [19] argue that A' comes from defects of 
an unspecified nature. While feature B is universally observed, it is rarely commented on. Hatch et al. 
[20] claim that feature B is present only for acid-etched bulk Nb:STO(001) and assigned it to H bound to 
surface Ti cations. The purpose of this paper is thus to present a detailed experimental and theoretical 
investigation of feature B, which we find in bulk and epitaxial STO. We find that the most plausible cause 
of feature B is interstitial O2-. 

 
II. EXPERIMENT and AB INITIO MODELING METHODS 

Our investigation is based on bulk crystals of SrNbxTi1-xO3-δ (001) (0 ≤ x ≤ 0.03 with δ = 0, and 0 ≤ δ 
≤ 0.023 with x = 0), as well as epitaxial films of La0.01Sr0.99TiO3(001) prepared using conventional [21] 
and hybrid molecular beam epitaxy (h-MBE) [22-24]. Measurements were carried out using bulk 
SrNbxTi1-xO3(001) single crystals from MTI and CrysTec with x values ranging from 0 to ~0.03 (1.5 wt. 
%). All crystals were synthesized using the Verneuil method [25]. Polished wafers of dimensions 10 mm 
x 10 mm x 0.5 mm were prepared on the bench by sonication in acetone and isopropanol to degrease, 
etching in buffered HF (BHF) for 30 sec to dissolve SrO terraces, and rinsing in de-ionized (DI) water. 
The wafers were then annealed for four hours at 1000°C in an air-filled tube furnace at 1 atm, with four-
hour up and down temperature ramps, and rinsed again in DI water. Once under high vacuum in an oxide 
molecular beam epitaxy (MBE) chamber appended to a UPS/XPS system at PNNL, the crystals were 
annealed in an electron cyclotron resonance oxygen plasma beam at ~2 x10-6 Torr for 30 min. at 650°C to 
remove surface contamination. Typical electron diffraction patterns revealing a well-ordered (1x1) 
structure are shown in Fig. 1. 

Additional measurements were carried out on a 70 nm thick La-doped SrTiO3 (STO) film grown by 
hybrid molecular beam epitaxy (h-MBE) on a Nb-doped SrTiO3(001) substrate.  The film was grown in 
the middle of the Sr-to-Ti beam equivalent pressure ratio space known as the growth window, in which 
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film nucleation is adsorption controlled [22-24]. This deposition procedure ensures optimal film 
stoichiometry. The La doping level was ~1 at. % within the A-site sublattice (e.g. La0.01Sr0.99TiO3). 

We have measured VB and gap spectra excited by vacuum ultraviolet (VUV), soft x-rays, and 
synchrotron-based hard x-rays. Core-level spectra were also measured with the soft and hard x-ray 
sources. Conventional UPS and XPS measurements were made at PNNL using monochromatic He I UV 
light (21.2 eV) and monochromatic AlKα x-rays (1487 eV), together with an Omicron/ Scienta R3000 
analyzer. Measurements on undoped specimens were carried out using a low-energy (2 eV) electron flood 
gun to neutralize the photoemission charge which forms on the surface and precludes reliable spectral 
acquisition. Hard x-ray photoemission spectroscopy (HAXPES) measurements were made at the 
Diamond Light Source (UK) on the I09 Surface and Interface Structural Analysis beamline at an x-ray 
energy of 6000 eV. This beamline includes an Omicron/Scienta EW4000 high-energy analyzer.  

We have also used monochromated valence electron energy loss spectroscopy (VEELS), in a 
scanning transmission electron microscope. Scanning transmission electron microscopy (STEM) samples 
were prepared using an as-received undoped STO(001) substrate from CrysTec. We used a FEI Helios 
NanoLab Dual-Beam Focused Ion Beam (FIB) microscope and a standard lift out procedure along the 
STO [100] zone-axis, with initial cuts at 30 keV / 2° and final polishing at 2 keV / 2.5° ion beam energy / 
incidence angle. Monochromated VEELS measurements were conducted on a Nion UltraSTEM 100MC 
“Hermes” microscope operating at 60 keV, with a convergence angle of 31 mrad and VEELS collection 
angles of 19 and 38 mrad. Low-loss data was acquired at several dispersions (5, 10, and 50 meV) with the 
same effective energy resolution of 16–18 meV set by the monochromator. The data were subsequently 
aligned to correct for energy drift and the zero-loss peak was removed using reference spectra collected in 
the vacuum. To explore the effect of retardation losses, low-loss spectra were simulated using the Kröger 
formula, as implemented in Matlab by Egerton [26, 27]. Simulations were conducted using experimental 
parameters, a measured bulk plasmon energy of 31.18 eV, and a full width at half maximum (FWHM) of 
4.70 eV for sample thicknesses of 5, 10, 25, 50, and 100 nm. 

A TOF-SIMS5 time-of-flight secondary ion mass spectrometer made by IONTOF GmbH was used to 
determine the concentrations of metal impurities in STO crystal from both CrysTec and MTI. A 20 keV 
Arn

+ cluster beam was used for sputtering of an area of 200×200 μm2 and a 25 keV Bi3
+ beam was used 

for analysis, which was scanned on an area of 50×50 μm2 at the Arn
+ crater center [28]. 

To model thermodynamic stability, local atomic structures, and electronic properties of defects, the 
bulk STO was represented using a 4×4×4 cubic supercell.  Relative energies of defect configurations and 
the corresponding one-electron densities of states were calculated using the Vienna Ab initio Simulation 
Package (VASP) [29, 30]. The projector-augmented wave was used to approximate the electron-ion 
potential [31]. In all cases we used the PBEsol density functional [32], together with a rotationally 
invariant Hubbard Ueff  = U – J correction applied to Ti 3d states [33]. The lattice parameter was pre-
optimized for each value of Ueff we considered (0 – 8 eV), yielding a corresponding range of a0 (3.89 – 
3.95 Å) and a0 remained fixed while internal degrees of freedom were fully relaxed in all subsequent 
calculations. Most calculations were performed using U = 4 eV [34] and a supercell parameter of 15.69 
Å, corresponding to the STO lattice parameter a0 = 3.92 Å (less than 0.4% different from the 
experimental value of 3.905 Å). We found this approach to provide a reasonable compromise between 
PBEsol proper, which gives more accurate lattice parameters, and PBEsol + U (with U = 8 eV), which 
yields a more acccurate value of the band gap, but overestimates the lattice parameters by ~1.2%. The 
plane wave basis set cutoff of 500 eV was used. The effect of the k-grid was tested for the ideal STO 
lattice. We found that the difference between total energies calculated at the Γ point only and a Γ-



4 
 

centered 2×2×2 Monkhorst-Pack grid is less than 2.5 meV per atom. We thus used the Γ-point only in all 
subsequent simulations unless otherwise stated. To model interconversion reactions, we consider all 
participating defects present simultaneously in the same supercell, as opposed to modeling single defects 
per supercell. Doing so does not require making assumptions regarding how much of the electron charge 
is transferred from one defect to another, and does not require charge compensation background for 
charged defects. 

 
III. RESULTS  

 
We find that photoemission intensity appears deep in the gap for all STO specimens investigated, 

including n-type, undoped, bulk crystals and epitaxial films. These features correspond to the occupied 
states of deep-level traps that immobilize a significant fraction of itinerant electrons. States closer to EF 
become occupied only as the donor concentration increases beyond that required to populate the deep 
levels. 

Representative VB and gap spectra excited with hard and soft x-rays, as well as with VUV photons, 
are shown for bulk Nb:STO(001) in Fig. 2. The different VB shapes reflect differences in cross section at 
the three photon energies, as well as differences in probe depth. Nevertheless, the leading edges overlap 
and extrapolations to the energy axis indicate that the valence band maximum (VBM) is ~3.3 eV below 
the Fermi level, as expected for flat-band STO. We magnify two of the three gap spectra in the inset of 
Fig. 2 for which counting statistics in the gap well above the detector dark current can be accumulated 
due to the high brightness of the respective sources (VUV and hard x-ray). There is significant intensity 
deep in the gap for both spectra, but the count rate rapidly falls off as the Fermi level is approached. 
Higher count rates deeper in the gap are also nominally detectable in the spectrum excited using the much 
weaker monochromatic AlKα x-ray (1487 eV) source (not shown due to poor signal-to-background 
ratio). Using the He I excited VB spectrum as an internal standard, the deep-gap state intensity indicates a 
deep-level acceptor concentration of a few parts per thousand. We have eliminated the possibility that this 
deep in-gap intensity is artefactual by comparing with gap spectra from clean p-Ge(001), as described in 
the Supplemental Material [35].  

Core-level analysis reveals that substitutional Nb dopants exhibit a valence of 5+ for both crystals, 
indicating complete donor ionization. We show in Fig. 3 core-level photoemission spectra to go along 
with the VB spectra shown in Fig. 2. The Ti 2p and Nb 3d spectra are well fit using pairs of Voigt 
functions to represent spin-orbit (SO) coupling. Using these two core levels in conjunction with the 
relevant atomic cross sections [36, 37], x was experimentally determined to be 0.029 and 0.010 for the 
different crystals measured at 6 and 1.5 keV, respectively. The absolute binding energies indicate a nearly 
flat-band condition within the two probe depths, defined as the depths at which a photoemission signal 
originating at the surface would be attenuated by 99.5%. The corresponding numerical value is 5.3λ, 
where λ is the electron attenuation length. We have estimated λ values specifically for STO by measuring 
Ge and STO VB intensities for epitaxial STO films grown on Ge(001) and comparing to intensities for 
phase pure Ge(001) and STO(001). The resulting values are 2 and 6 nm for hν = 1487 eV and 6000 eV, 
respectively [38]. The measured binding energies are consistent with the presence of majority Ti4+ [39] 

and exclusively Nb5+ [40], indicating complete donor ionization. A weak Ti3+ shoulder shifted ~2.0 eV to 
lower binding energy is observed in the crystal measured at 6 keV, consistent with itinerant electrons 
from ionized Nb donors temporally reducing Ti4+ [41]. The Ti3+ peak constitutes 2.4% of the total Ti 2p3/2 
peak area, in good agreement with 2.9%, the x value from the Nb 3d and Ti 2p spectra.   
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A second pair of SO-split peaks shifted to higher binding energy by ~0.9 eV is required to obtain 
good fits for the Sr 3d spectra. A more surface sensitive geometry (θt = 10o at hν = 1487 eV, 5.3λ = ~ 1.9 
nm) reveals a substantial increase in the intensity of the higher binding energy Sr 3d features, indicating 
that these photoelectrons originate at the surface. The two most likely surface species that would yield 
peaks at these binding energies are Sr(OH)2 and SrOx. If Sr(OH)2 is present, the O 1s spectrum is 
expected to show a well-resolved feature due to OH shifted ~1-2 eV to higher binding energy from the 
lattice peak, as occurs on bulk CaO(001) [42]. This feature would be more pronounced at θt = 10o. 
However, no such feature is seen. In contrast, the O 1s binding energy for SrOx surface clusters is not 
expected to be sufficiently different from that of lattice O in STO. The slight asymmetry seen in the O 1s 
spectrum at θt = 10° may be the result of an unresolved SrOx feature. It has been shown that SrOx forms on 
the STO(001) surface as a result of annealing at ~1000°C in oxygen, as we have done as part of our 
surface preparation, presumably due to Sr vacancy creation and diffusion to the surface [43, 44].  

Additionally, the expected Ti3+ peak resulting from donor electrons at the bottom of the conduction 
band (CB) is barely detectable in the Ti 2p spectrum taken at 6 keV, but is not observable in the spectrum 
taken at 1487 eV. Yet, our modeling indicates that we should be able to detect Ti3+ at the ~1 at. %. level. 
We show in Fig 4a linear combinations of Ti 2p spectra measured for lightly doped SrNbxTi1-xO3(001) (x 
= ~0.001) and epitaxial LaTiO3(001) [45] to simulate spectra for SrNbxTi1-xO3(001) with larger x, ranging 
from 0.01 to 0.10. In the absence of electron trapping defects, each ionized Nb dopant populates the 
conduction band with one itinerant electron which will, in turn, result in the reduction of a B-site Ti4+ 
cation to Ti3+ over the time scale of photoemission (~10-16 sec). However, donor electrons may also 
become trapped at defect trap states, if indeed such defects are present. In this case, Ti3+ would not appear 
in the experimental spectrum unless the defect has substantial Ti 3d character. Assuming defect-free STO, 
there would be a quantitative transfer of intensity from the Ti4+ binding energy in the Ti 2p3/2 spectrum to 
the Ti3+ binding energy (~1.2 eV lower). This effect would not be as clear in the 2p1/2 region due to 
enhanced lifetime broadening resulting from Coster-Kronig decay.  In Fig. 4b, we overlap the simulation 
for x = 0.01 with an actual spectrum for SrNb0.01Ti0.99O3(001) and plot the difference spectrum.  There is 
clearly a shoulder on the low binding energy side of the 2p3/2 peak in the simulation that does not appear 
in the measured spectrum. This analysis suggests although the Nb dopants are ionized, resulting in their 
exhibiting binding energies characteristic of Nb5+, there are not enough itinerant electrons residing at the 
bottom of the conduction band to modify the Ti 2p line shape for x = 0.01. This result is consistent with 
the extreme weakness of a metallic peak in the VB spectrum (see inset to Fig. 2). 

VEELS measurements provide further evidence for clear intensity deep in the gap of bulk STO 
crystals. Figs. 5a-b show VEELS measurements from regions of varying thickness at two different EELS 
collection angles. We observe a clear intensity plateau in the range of 1.5–3.5 eV (marked by the arrow) 
across all our measurements that is in good qualitative agreement with our photoemission results. 
However, it is known that valence and low-loss EELS measurements can be influenced by a variety of 
effects, including the generation of Čerenkov radiation above a particular accelerating voltage, the 
excitation of guided light modes, and other retardation losses [46]. The Čerenkov limit can be calculated 
as 

஼ܧ  ൌ 511 ቊ൤ ఌభ,೘ೌೣ௘భ,೘ೌೣିଵ൨଴.ହ െ 1ቋ              (1) 
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which yields ~25–26 keV for SrTiO3 with a maximum dielectric constant of ߝଵ,௠௔௫ ൎ 11 [46]. While the 
present measurements were performed above this limit at 60 keV accelerating voltage, we note that Erni 
and Browning [47] have shown that the probability of emitting bulk Čerenkov photons with respect to the 
maximal emission rate ranges from 0.4–0.5 for STO at 60 keV. This value is sufficiently low to expect 
that it will add only a minimal contribution to the measured data. 

To assess the impact of guided light modes and retardation losses as possible additional intensity in 
the gap region, we have performed simple simulations of low-loss spectra using our experimental 
parameters for several thicknesses, as shown in Figs. 5c-d. These simulations were performed within the 
Kröger formalism [48], using solely the STO bulk plasmon energy of 31.18 eV measured by VEELS as 
input. While this approach yields identical results to the more rigorous dispersion bracket formalism of 
Bolton and Chen [49] for single-slab models, the detailed VEELS fine structure (e.g. interband 
transitions) is not reproduced here—as this would necessitate the use of the dielectric function as input to 
more rigorous simulation code. Our simulations support two main trends, which have been previously 
discussed by Erni and Browning [47]: namely, losses due to the excitation of guided light modes lead to 
the formation of a slight additional background plateau in the gap, which is known to result in an apparent 
shift in the measured bandgap onset that depends on sample thickness. Experimentally we observe a 
persistent and sizable gap intensity in even the thinnest parts of our sample, suggesting that guided light 
modes are likely not responsible for this feature. While we cannot fully exclude the contribution of 
surface effects without more thorough simulations that are beyond the scope of the present work, our 
VEELS results lend good qualitative support to the photoemission results described above. 

Deep in-gap photoemission is not limited to bulk STO crystals. We also make this observation for 
epitaxial films deposited using both conventional and hybrid molecular beam epitaxy methods. We show 
in Fig. 6 spectra for several bulk crystals and MBE-grown epitaxial films over a range of doping levels 
(less than ~2 at %). A broad feature tailing off the VB (feature B) is observed in all cases, and a feature at 
~1 eV (A') is seen for the undoped bulk crystal. In no instance is the feature near the Fermi level (A) of 
any appreciable magnitude. In all cases, the total integrated intensity in the gap is of the order of parts per 
thousand of the VB intensity. These results reveal that the deep-level state (B) traps the majority of 
electrons from donor dopants, but that state B is also occupied for bulk crystals and epitaxial films not 
intentionally doped. It is noteworthy that in all cases, the core-level binding energies reveal that within the 
XPS probe depth (~6 nm), the STO is within ~0.1 eV of flat band. Therefore, the populations of A, A' and 
B are not being affected by band bending, which could sweep carriers into or out of the top few nm. 

In order to determine how the gap spectrum evolves with dopant concentration in one specific crystal, 
we utilized an undoped STO(001) crystal as cleaned and after annealing in ultra-high vacuum (UHV) at 
progressively higher temperatures and for longer times to generate VO. The results are shown in the inset 
to Fig. 7a. Occupied deep-level states (feature B) are observed prior to vacuum annealing, while the 
sample is still highly resistive, and the B-state intensities are similar to those measured for doped crystals 
(see Fig. 6). The intensity of feature B increases modestly through 700oC, and then increases more 
substantially at 800oC. Feature A' gradually strengthens up to 800oC and strongly increases in intensity at 
900oC. At the same time, a weak shoulder characteristic of Ti3+ becomes clearly visible in the Ti 2p 
spectrum at 900oC, as also seen in Fig. 7a. These results are consistent with a growing VO concentration 
that adds electrons to states in the gap, filling those that are deeper first. From the fit shown in the inset to 
Fig. 7a, Ti3+ constitutes 4.6% of the total Ti 2p peak area after annealing at 900oC for 60 minutes, 
corresponding to a composition of SrTiO2.98. Interestingly, the deep-level (B) state drops substantially 
following the third UHV anneal at 900oC. A final anneal at 600oC in activated oxygen has the effect of 
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completely eliminating features A and A' and reducing the intensity of feature B to half the value of the as-
cleaned surface.  

In Fig. 7b we expand the gap spectra overlaid in the inset for Fig. 7a and compare these with 
electronic densities of states (DOS) calculated using an ab initio (density functional theory) approach for 
a set of intrinsic defects (Fig. 3c). We find that VSr does not result in occupied gap states. However, our 
calculations show that Oint

2–-, a largely unexplored candidate defect [50], does. We previously found that 
O2 is readily absorbed when epitaxial films of NdTiO3 are exposed to air, and that it most likely resides in 
interstitial sites [51]. The driver is the instability of Ti3+. We now hypothesize that during the synthesis of 
bulk and thin-film STO, some vacant anion sites at the crystallization front become occupied by O2 which 
traps two electrons. This O2

2– species can be viewed as an interstitial oxygen atom (Oint
0) bound to a 

lattice O2– anion (Olat
2-) which forms a dumbbell configuration, as shown in Fig. 8a. Significantly, O2

2– 
produces no gap states (red DOS in Fig. 7c). Our calculations reveal that in the presence of additional 
electrons near the bottom of the CB, O2

2– converts to a pair of separated interstitial oxygen ions that share 
three or four electrons and can be represented as (O–O)3– and (O–O)4–, respectively, as seen in Fig. 8b. As 
the formal charge associated with these species increases from –2 to –3 to –4 |e|, the distance between the 
oxygens increases from 1.43 to 1.90 to 2.21 Å. Since the O species in (O-O)4- are equivalent and neither 
is at a lattice site, we refer to (O–O)4– as a pair of interstitial Oint

2– ions. As seen in Fig. 8b, (O–O)4– 
straddles a VO

++ site. If one Oint
2- diffuses away, the other would occupy the VO

++ lattice site and become 
Olat

2-. Significantly, both (O–O)3– and (O–O)4– generate occupied states above the VB maximum (VBM), 
as seen in the green DOS, depending on their charge states and proximity to other defects. The energy 
difference between these states and the VBM increases with increasing Ueff, reaching ~1 eV for Ueff = 4 
eV. These interstitial oxygen anions could thus be the deep-level traps we observe. The spin density map 
for a 2 Olat

2-–[3×VO]2 defect complex is shown in Fig. 8c. 
To understand the observed evolution of the gap spectrum with annealing, we consider several defect 

interconversion reactions that involve VO and Oint
2- (see green DOS) as well as O2

2- which is also present 
in the supercell associated with the green DOS, but does not generate any gap intensity. First, we note that 
the calculated VO formation energy with respect to ½O2(g) (5.5 eV) decreases to 3.6 eV in the presence of 
O2

2–. This decrease is driven by the energy gained from O2
2– trapping VO electrons located near the CB 

minimum (1.9 eV), and the subsequent dissociation of O2
2– into a pair of Oint

2– ions. The corresponding 
DOS change is shown in going from the green to the blue in Fig. 7c. Since Ueff = 4 eV corresponds to a 
one-electron gap value of only 2.3 eV, the effect of O2

2– on the VO formation energy is underestimated. 
While the resulting VO

++ can recombine with Oint
2– with an energy gain of 5.1 eV, the electrostatic 

interaction of these defects can be effectively screened by the lattice, thereby suppressing recombination 
[52]. 

As the temperature and anneal duration increase, the concentration of VO increases as well. In 
addition to being trapped at Oint

2–, electrons from these vacancies can be redistributed to VO
++ formed 

previously, leading to partially charged oxygen vacancy complexes VO
Q+ (0 < Q < 2). To model this 

scenario, we considered supercells with one O2
2– coexisting with up to three VO. Two electrons provided 

by these VO drive the formation of a pair of Oint
2–, as discussed above. The other electrons remain at the 

vacancies. Thus, depending on the VO concentration, the supercell could contain [1×VO]2+, [2×VO]2+ or 
[3×VO]2+ defect complexes which have a collective charge of +2 with respect to the lattice. 

The purple DOS in Fig. 7c shows that as the VO concentration increases, so does the intensity of 
feature A' located ~1.6 eV above the top of the VB. Analysis of the spatial distribution of one-electron 
bands indicates that in the case of [3×VO]2+, three of the four electrons not bound to (Oint)2– are localized at 
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the three vacancy sites, resulting in 3VO
+, while the fourth electron is delocalized at the CB minimum, as 

shown by the spin densities in Fig. 7c. We note that three oxygen vacancies per 64 unit cells, which 
correspond to ~1.56 % of the oxygen lattice site, is reasonably close to the actual oxygen vacancy 
concentration in crystal following UHV annealing (~0.7%). A similar distribution is found for [2×VO]2+. 
These localized and delocalized bands map well onto the experimentally observed mid-gap band at ~1.4 
eV which has a long trail running up to EF, as seen by comparing Figs. 7b and c. We note that the band 
gap is underestimated for Ueff = 4 eV. Thus, the delocalized band (cyan) is too close in energy to the 
localized VO

+ band (magenta). The gold DOS shows that when all Oint
2– and VO

Q+ diffuse and recombine, 
VO and a 5.1 eV energy gain are the results. 

We note that the lattice deformation field induced by each defect affects the geometrical and 
electronic structure of all other defects located within the same supercell. These effects are explicitly 
included in our calculations through relaxation of the internal degrees of freedom. This interaction 
contributes to broadening of the corresponding density of state features to an extent that depends on the 
distance between the defects, and their spatial configurations. However, analysis of the DOS (see Figure 
S2 in Supplementary Material section) calculated for four types of defects in 2×2×2 and 4×4×4 supercells, 
reveals that such defect-defect interaction does not affect our conclusions. 

These modeling results allow us to interpret the experimental evolution of the gap spectrum as 
follows. As the VO concentration increases, some interstitial oxygens are converted from O2

2– to Oint
2–, 

depending on the VO concentration, and the intensity of the B feature saturates. Prolonged annealing 
promotes diffusion of Oint

2– and VO
++. Recombination of these defects to generate Olat

2– results in a 
decrease in the B feature, as observed after 60 minutes at 900°C in UHV, while the A and A' features 
continue to grow. The final anneal in activated oxygen not only eliminates all VO-derived states, but also 
significantly reduces the concentration of Oint

2– by means of recombination of Oint
2-

 and VO
++ in the 

absence of VO creation 
 

IV. DISCUSSION 
 
We now consider other candidate defects as the cause of the deep in-gap states. There is a significant 

body of literature focused on electronic properties of bulk STO and the associated interpretation based on 
various defect models. Specifically, high-temperature conductivity as a function of oxygen partial 
pressure has been modeled using only VSr and VO, along with aliovalent metal impurities on the Ti site 
(MTi) that act as acceptors, and donors such as LaSr and NbTi [2-4, 53]. Ti vacancies have not been 
included due to their high formation energies [54].  

We have investigated whether VSr can account for the deep in-gap photoemission feature and have 
concluded that it cannot for the following reasons. First, VSr DOS are either in the gap and not occupied, 
or not in the gap and occupied. Indeed, the DOS feature associated with the neutral VSr (i.e., the Sr2+ 
vacancy that hasn’t trapped electrons) is clearly visible close to the top of the VB in Fig. 9 a & b. 
Simulations conducted using PBEsol and a hybrid density functional HSE [55] are consistent in 
predicting the position of this feature with respect to the band edges. However, the absence of electrons at 
this defect precludes detection by photoemission. Once VSr traps donor electrons (either one or two), the 
now occupied VSr DOS merges with the VB DOS, as shown in Fig. 9 c & d, so that the perturbation 
induced by VSr is not distinguishable from the VB DOS as a whole.  

Second, the intensity of the deep in-gap state indicates that the concentration of the causal defect is 
orders of magnitude higher than the expected concentration of VSr. De Souza [56] has estimated [VSr] to 
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be ~5 x 1017 cm-3 in bulk STO that has been annealed to high temperature in oxidizing conditions, as STO 
typically is during substrate preparation. Moreover, epitaxial STO films grown using hybrid MBE with 
the  same processing conditions as the stoichiometric film used in this study have been shown by positron 
annihilation measurements to possess a [VSr] in the low 1016 cm-3 range [57]. However, the concentration 
of the defect that causes the deep in-gap feature in hybrid MBE-grown films is estimated to be at least ~5 
x1019 cm-3 and at least ~3 x1020 cm-3 in bulk STO [58]. 

Third, the gap spectrum measured for a hybrid MBE film that was deposited on the Sr-poor side of 
the growth window by a substantial amount is virtually the same as that for the stoichiometric film. We 
show these results in Fig. 10. Despite a ~10% Sr deficiency, the nonstoichiometric STO film exhibits 
virtually the same gap spectrum as the stoichiometric film. 

Fourth, there is no correlation between the intensity of the deep in-gap feature and the amount of SrOx 
on the STO surface. It is well known that high-temperature annealing of bulk STO in an oxidizing 
environment leads to Sr vacancy creation and diffusion of Sr to the surface, followed by oxidation to form 
SrOx [59]. Moreover, the vapor pressure of SrO is negligible at typical annealing temperatures in STO 
wafer preparation (~1000°C), precluding desorption of SrO from the surface during annealing. There 
should therefore be a direct dependence of the deep in-gap state intensity on the fraction of Sr 3d intensity 
associated with SrOx (see Fig. 3), if indeed the deep state is caused by VSr. However, there is no 
correlation whatsoever between these two quantities in the annealing experiment on undoped STO 
summarized in Fig. 7. The absence of a correlation is clearly seen in Fig. 11. The first data point is for the 
undoped STO crystal after cleaning the activated oxygen at 600oC to remove adventitious carbon. As the 
UHV annealing continues at progressively higher temperatures from points 2 to 5, the deep in-gap 
intensity increases monotonically. However, the SrOx fraction first decreases from point 1 to 2, and then 
increases up to point 5, although not in a way that would indicate a correlation. From points 5 to 7, the 
deep-state intensity drops but the SrOx fraction increases. Finally, after the second anneal in activated 
oxygen, (point 8), the SrOx fraction returns to its original value, but the deep state intensity is 
considerably smaller. 

We also investigated the possibility that the deep-gap feature is associated with a hydrogen atom that 
binds to lattice O2–producing OH–and an electron. The reaction O2– + H0  OH– + e– is known to produce 
in-gap localized electronic states in wide-band-gap oxides, such as MgO [60, 61] and 12CaO⋅7Al2O3 [62]. 
Here we investigated the electronic structure of the OH– + e– configuration using the PBEsol + U density 
functional with U values of 0, 4, and 8 eV. In all cases the internal coordinates of the systems were 
optimized, while the lattice parameters were held at the experimental value (3.905 Å). The corresponding 
DOS are shown in Figure 12a-c. As the U value and the calculated bandgap increase, the occupied 
electron state remains close to the bottom of the CB. Additionally, the geometrical configuration pre-
optimized with U = 8 eV was used to calculate the DOS at the HSE level. In this case, the resulting 
occupied state also fell near the bottom of the conduction band, as shown in Fig. 12d. Hence, we rule out 
the presence of an H atom in the bulk of STO as a potential candidate for the deep in-gap feature. 

A previous observation of deep in-gap intensity excited with He I UV light (hν = 21.2 eV) was 
interpreted as being due to hydrogenation of the surface, resulting in H bound to under-coordinated Ti 
cations in the terminal layer [20]. These authors note that this feature is seen only for Nb:STO(001) bulk 
crystals that were etched in either HF or a HCl/HNO3 mixture, but not for MBE-grown films. In contrast, 
we see a deep feature in the gap spectra of bulk crystals as well as MBE-grown films. Moreover, our 
observations were made at photon energies ranging from 21.2 eV to 6000 eV, indicating that this feature 
is present in the bulk as well as on the surface. Hatch et al. also report that their deep feature does not 
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disperse in angle-resolved measurements. First-principles modeling reported in ref. [20] shows that 
surface H bound to Ti cations does indeed result in a non-dispersing feature in the lower portion of the 
gap, as observed. While we cannot rule out the possibility that some H-Ti is present on the surfaces of our 
HF-etched bulk crystals and contributes to the signal measured in the lower portion of the gap in these 
cases, our data clearly show that intensity is also present in epitaxial films that were not acid etched, and 
in the bulk, as well as on the surface, of all samples examined. We thus rule out surface bound H-Ti as the 
sole explanation for the deep in-gap feature. Rather, we think that the feature associated with surface H-Ti 
overlaps that resulting from bulk Oint

2– ions when the former is present. We also note that Hatch et al. 
report that their deep in-gap feature does not change with temperature up to 875oC. In contrast, ours 
undergoes a clear evolution over the same temperature range, as described in detail in this article. 

Cation impurities which might act as deep-level acceptors in bulk STO crystals are not present in 
sufficient quantities to be the cause of the deep-level traps. Time-of-flight secondary ion mass 
spectrometry sputter profiles of representative crystals reveal that Al, Na, Ca and Mg are present at levels 
of a few parts per million (ppm) and Si (which is isovalent with Ti and therefore not expected to be a 
deep-level acceptor) is present at a concentration of ~150 ppm. These concentrations are orders of 
magnitude lower than that associated with the deep-level gap states (parts per thousand). These in-gap 
states bear some resemblance to deep sub-gap states observed in amorphous InGaZnO and ascribed to 
disorder in the coordination sphere of O [63, 64]. However, the origin of the in-gap states in STO is quite 
different, as discussed above. 

Finally, we consider the effect that these deep-level traps have on transport properties. We would 
expect that measured carrier densities would be lower than donor dopant concentrations if itinerant 
electrons become trapped in these states. Such appears to be the case. In Fig. 13 we show room-
temperature Hall effect measurements for an MTI crystal for SrNb0.015Ti0.985O3(001).  Based on the 
composition, the expected carrier concentration is 2.52 ×1020 cm-3, assuming 100% ionization of all Nb 
donors. The measured carrier concentration is 1.84 ×1020 cm-3, 73% of the expected value. A similar 
observation was also made by Spinelli et al. [1]. The measured mobility is 7.75 cm2/V-sec. These results 
are consistent with the conclusions drawn from analysis of the photoemission and energy loss data. 
 

V.  CONCLUSION 
 

We have shown that deep in-gap states of SrTiO3(001) bulk crystals and epitaxial films result from 
traps associated with intrinsic defects. The concentration is of the order of parts per thousand, precluding 
their direct measurement by most techniques. However, combining UPS, XPS and VEELS spectra with 
ab initio simulations allows us to identify plausible candidates responsible for the deep-gap and mid-gap 
bands and to suggest defect interconversion mechanisms that explain the temperature-dependent 
transformation of the gap spectrum. Moreover, the proposed model suggests an approach to eliminating 
the deep-gap feature through judicious thermal treatment, thus paving a way to better control of the 
electronic structure in SrTiO3. 
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FIG. 1. (Color online) Reflection high-energy electron diffraction (a & b, 15 keV) and low-energy 
electron diffraction (c, 69 eV) for n-SrTiO3(001) after oxygen plasma cleaning. 

 
 
 

 
 
FIG. 2.  (Color online) VB spectra for SrNbxTi1-xO3(001) measured at photon energies of 6000 eV with x 
= 0.029, and at 1487 eV and 21.2 eV with x = 0.010 (same sample). The probe depths are ~1, ~11 and 
~32 nm for hν = 21.2, 1487 and 6000 eV. 
 
 

 
 
FIG. 3. (Color online) Core-level photoemission spectra for bulk SrNbxTi1-xO3(001) measured at x-ray 
energies of 6000 eV and 1487 eV, and at photoelectron take-off angles (θt) of 90o (normal emission) and 
10o for hν = 1487 eV. 
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FIG. 4. (Color online) (a) Simulations of the Ti 2p spectrum for SrNbxTi1-xO3 for 0.01 ≤ x ≤ 0.10 based on 
the assumption that every Nb donor results in one Ti3+ cation, as required for charge neutrality in a defect-
free crystal. The simulations are linear combinations of spectra from pure, bulk SrNb0.001Ti0.999O3 (001) 
and epitaxial LaTiO3(001). The difference spectra (simulation - pure STO) show a transfer of intensity 
from the nominally Ti4+ binding energies to that for Ti3+ in both spin-orbital channels; (b) comparison of 
the simulated and measured spectra for x = 0.01. 
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FIG. 5. (Color online) (a-b) VEELS measurements conducted with 19 and 38 mrad collection angles (β), 
respectively, for a range of sample thicknesses. The spectra have been normalized to the signal integral. 
(c-d) Simulated low loss spectra for 19 and 38 mrad collection angles, respectively, for a range of sample 
thicknesses. 
 

 
 
FIG. 6. (Color online) VB (a) and gap (b) spectra excited with 21.2 eV photons for bulk STO(001) 
crystals with a range of doping levels, as well as for epitaxial films. A 14 nm film of nominally undoped 
STO was deposited on p-Ge(001) by conventional MBE. The deposition conditions that were used lead to 
the incorporation of some VO. The h-MBE film is 70 nm La0.01Sr0.99TiO3(001) grown on Nb:STO(001). 
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FIG. 7. (Color online) (a) VB and gap spectra excited with 21.2 eV photons for undoped STO(001) as 
cleaned and after anneals at 600oC, 700oC, 800oC, and 900oC in UHV, and one at 600oC in activated O2. 
Also shown are the accompanying Ti 2p3/2 spectra excited with 1487 eV x-rays. Insets: expanded gap 
spectra (left) and a fit to Voigt functions (red) for the spectrum measured after the third anneal at 900oC 
(right). Slight changes in binding energy caused by variations in band bending (within ~0.15 eV of flat 
band) have been removed to facilitate comparison. (b) Expanded view of experimental gap spectra. (c) 
Calculated DOS for select defect configurations broadened with Gaussian functions using a width of 0.5 
eV. This panel shows how the DOS transform as a result of the defect reactions shown to the right. The 
solid magenta and solid cyan features in the purple DOS result from localized and delocalized electrons 
from VO, respectively. The numbers by the arrows are the energies gained in the indicated defect 
conversion reactions. 
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FIG. 8. (Color online) Local structures for O2 at an empty anion site (O2

2–) (a), and a pair of Oint
2– that 

result from O2
2– trapping 2e- from nearby VO and dissociating (b); Sr, Ti and O are shown as green (large), 

blue (medium), and red (small) spheres. (c) Surfaces of constant spin density for the 2Oint
2– + [3×VO]2+ 

configuration indicate that three electrons are localized in VO
+ and one electron is at the conduction band 

minimum. 
 
 

  
 

Fig. 9. (Color online) Densities of states calculated for the neutral Sr vacancy (a, b) and for the Sr vacancy 
with two trapped electrons (c, d) using PBEsol (b, c) and HSE (b, d) density functionals. The unoccupied 
states near the top of the valence band are marked with h+ (a, b). Upon trapping two electrons per Sr 
vacancy, these states become occupied and produce a small perturbation of the DOS near VB maximum 
(c, d), but do not create an in-gap state. 
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FIG. 10. (Color online). Comparison of VB and gap spectra for stoichiometric and ~10% Sr poor STO 
homoepitaxial films grown by hybrid MBE. 
 
 

 
 
FIG. 11. (Color online) Deep in-gap state count rate plotted against the SrOx peak area normalized to the 
lattice peak area taken from Sr 3d spectra for the annealing sequence for undoped STO(001) summarized 
in Fig. 3. The numbers indicate the steps in the annealing sequence shown in Fig. 3a. 
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Fig. 12. (Color online) Densities of states calculated for a hydrogen atom trapped in SrTiO3. The H atom 
binds to a lattice oxygen forming an OH– species and an electron that occupies a state close to the bottom 
of the CB. DOS calculated using PBEsol (a) and PBEsol + U for UTi = 4 eV (b) and UTi = 8 eV (c) 
indicate that this electron state is degenerate with the CB minimum. This electronic structure is further 
supported by the DOS obtained using single point HSE calculation for the structure pre-optimized using 
PBEsol + U (UTi = 8 eV) (d). 
 
 

 
FIG. 13. (Color online) Hall effect measurement measured at room temperature for a SrNb0.015Ti0.985O3 
(001) crystal from MTI. 
 


