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Abstract 

Epitaxial thin films of Cr2-xTixO3 were deposited by oxygen-plasma-assisted molecular beam 
epitaxy (OPA-MBE) for 0.04 ≤ x ≤ 0.26.  Ti valence is verified by both x-ray photoelectron 
spectroscopy (XPS) and Ti K-edge x-ray absorption near-edge spectroscopy (XANES) to be 
Ti4+.  Substitution of Ti for Cr in the corundum lattice is verified by fitting the Ti K-edge 
extended x-ray absorption fine structure (EXAFS) data.  Room temperature electrical transport 
measurements confirm the highly resistive nature of Ti-doped Cr2O3, despite the presence of 
aliovalent Ti4+.  For comparison, the resistivity of very pure, undoped Cr2O3 was measured to be 
four orders of magnitude higher than for Ti-doped Cr2O3.  Analysis of the XPS and EXAFS data 
reveal the presence of Cr vacancies at intermediate and high Ti concentrations.  This conclusion 
is corroborated by the results of density functional modeling.  At low Ti concentrations, a strong 
increase of the XPS Ti 2p core level peak width is observed as the Ti concentration decreases.  In 
this limit, the formation of Cr vacancies becomes less favorable due to the increased distance 
between Ti dopants, and compensation by O interstitials contributes to broadening of the Ti 2p 
XPS peak.  The differences in electronic structure which render Ti4+-doped Cr2O3 resistive due 
to the formation of compensating defects, but Ti4+-doped Fe2O3 conductive, are discussed.  The 
defect compensation model developed here provides insight into previous, conflicting reports of 
n-type versus p-type conductivity in Ti-doped Cr2O3 at high temperature, and will inform future 
studies to exploit the wide variety of electronic and magnetic properties of corundum-structure 
oxides. 
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I. Introduction 

Eskolaite, α-Cr2O3, is of interest for applications ranging from corrosion-resistant coatings 

on metals1, 2 to next-generation photocatalysts for water splitting to generate H2.3-5  Cr2O3 is a 

wide bandgap oxide (Eg = 3.3 eV) which adopts the hexagonal corundum crystal structure shared 

by α-Al2O3, Ti2O3, α-Fe2O3, and V2O3.  These oxides exhibit rich spin physics and electronic 

properties, including a metal-insulator transition in V2O3 at 155 K,6 a semiconductor-metal 

transition in Ti2O3 at 400 – 600K,6 canted antiferromagnetic ordering which persists to 948 K in 

α-Fe2O3,7 and magnetoelectric coupling of antiferromagnetic α-Cr2O3 at room temperature.8  

Isostructural doping with M = Al, Ti, V, Cr, or Fe provides another avenue to tune the properties 

of the corundum-structure oxides. 

As one example, Ti-doped Cr2O3 has been extensively studied as a gas sensor.9, 10  The solid-

state reaction of TiO2 and Cr2O3, and subsequent high-temperature calcination, was found to 

result in a material which exhibits significant Ti segregation to the surface, as well as some Cr6+ 

in the surface region.10, 11  Deposition of nanostructured thin films by electrostatic spray-assisted 

vapor deposition12 or atmospheric pressure chemical vapor deposition13 at lower temperatures 

(450 – 650°C) also resulted in Ti surface segregation.  Nonetheless, Cr1.8Ti0.2O3 exhibits superior 

gas-sensing properties which make it suitable for commercial gas sensors.11   

Substitutional Ti in the Cr2O3 lattice is assumed to take the +4 valence state, with the 

formation of compensating Cr vacancies to maintain charge neutrality.10, 11  The response of the 

material to oxidizing and reducing gases implies that the electrical conductivity is p-type.11  This 

is in contrast to the expectation that p-type conductivity results from doping with lower-valence 

metals, as is observed for Mg2+-doped Cr2O3,14 while n-type conductivity results when doping 

with higher-valence metals such as Ti4+, as occurs in the isostructural Ti-doped Fe2O3 system.  

Pristine Fe2O3 exhibits rather poor transport characteristics dominated by small-polaron hopping 

in the Fe3+ bilayers.15  Substitutional doping with Ti has been found to strongly increase the free 

electron carrier concentration and mobility.16, 17  Previous work by our group18 showed that, for 

epitaxial thin films deposited by oxygen-plasma-assisted molecular beam epitaxy (OPA-MBE), 

Ti substituted in the Fe2O3 lattice as Ti4+ (not Ti3+, as would be expected from analogy to 

isostructural Ti2O3), and relatively low Ti concentrations of y < 0.10 in (TiyFe1-y)2O3 were 
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sufficient to increase the n-type carrier concentration to the 1019 cm-3 range.  The n-type carriers 

arise from the substitutional TiFe, which donate electrons to the Fe2O3 conduction band under 

relatively oxygen-poor deposition conditions; the conduction mechanism was found to be small 

polaron hopping at room temperature, transitioning to variable range hopping at lower 

temperatures.  Under oxygen-rich conditions, it was hypothesized that Fe vacancies ( ' ' '
FeV ) form 

as the primary defect compensation mechanism, rendering the material insulating.  The n-type 

carrier concentration is thus governed by:18 

   n – p = [Ti·
Fe] – 3[ ' ' '

FeV ]      (1) 

where n and p are the concentrations of free electrons and holes, respectively, and [ •
FeTi ] is the 

concentration of substitutional Ti4+.  The defect concentrations are determined primarily by the 

oxygen fugacity during deposition.19 

Fundamental studies of bulk Ti-doped Cr2O3 have been undertaken in an attempt to clarify 

the defect compensation mechanism and transport properties.  Holt and Kofstad20 made a careful 

study of the high-temperature transport properties of Cr2O3 doped with 2 mol% TiO2 

(Cr1.98Ti0.02O3) as a function of oxygen activity (proportional to the partial pressure of O2 in 

equilibrium with the specimen).  At lower temperatures (440°C to ~1000°C), the transport 

characteristics of Cr2O3 were dominated by unintentional extrinsic impurities such as Mg2+, and 

thus the intrinsic transport characteristics of Cr2O3 (and also Ti-doped Cr2O3) could not be 

established.21  At 1000°C, they observed weak conductivity and a crossover in the transport 

characteristics of Cr1.98Ti0.02O3 from n-type at low oxygen activity to p-type at high oxygen 

activity.  The defect model which Holt and Kofstad proposed to rationalize this behavior 

assumes that a reservoir of TiO2, representing Ti which has not dissolved in the Cr2O3 lattice, 

forms and equilibrates with substitutional Ti at a given oxygen activity.  However, Atkinson et 

al.22 found that, for the same temperature of 1000°C and similar variation in oxygen activity, a 

higher Ti doping level (Cr1.7 Ti0.3O3) resulted in monotonically increasing n-type conductivity as 

the oxygen activity was decreased;  no indications of p-type transport were observed.  Bulk 

density measurements implied the presence of compensating Cr vacancies, and density 

functional theory (DFT) calculations suggested the formation of neutral defect complexes 

consisting of three substitutional Ti4+ and a neighboring Cr vacancy.  The observed n-type 
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conduction was thought to arise from a small concentration of Ti4+, which are not associated with 

a vacancy complex and thus donate electrons to the conduction band. 

In contrast to the results for bulk Ti-doped Cr2O3, a textured thin film study23 claimed Ti3+ 

substitution for Cr3+ on the basis of x-ray photoelectron spectroscopy (XPS) measurements; 

however, the carrier type could not be determined by Hall measurements due to high sample 

resistivity, even at elevated temperatures (500 K).  Nonetheless, ex situ Ti diffusion into these 

textured films was found to increase the n-type carrier concentration, which was attributed to the 

incorporation of Ti4+.24  This is supported by a recent DFT study, which predicted Ti substitution 

as Ti4+ with a free electron in the conduction band.25 

Clearly, fundamental questions about Ti-doped Cr2O3 remain: does Ti substitution lead to n-

type or p-type carrier doping?  What defect compensation mechanism(s) render Ti-doped Cr2O3 

highly resistive, even at higher Ti concentrations?  What properties govern the different transport 

behavior observed for Ti-doped Cr2O3 compared to Ti-doped Fe2O3?   Well-defined and well-

characterized samples in which Ti is shown to substitute in the corundum lattice are required to 

clarify the intrinsic properties of Ti-doped Cr2O3 in the absence of extrinsic impurities, grain 

boundaries, secondary phases, and dopant segregation.  This has been accomplished in the 

present work by depositing epitaxial thin films of Cr2-xTixO3 of ultra-high purity.  Thorough 

materials characterization, electrical transport measurements, and state-of-the-art modeling 

combine to elucidate the intrinsic properties of Ti-doped Cr2O3.   

II. Experimental Methods 

Epitaxial thin films of Cr2-xTixO3 (0.04 < x < 0.26) were deposited on α-Al2O3(0001) single 

crystal substrates by oxygen-plasma-assisted molecular beam epitaxy (OPA-MBE). Substrate 

surfaces were pre-cleaned in situ by exposure to activated oxygen from an ECR microwave 

plasma source at room temperature and a background oxygen pressure of 2 × 10−5 Torr for 30 

min. The flow of activated oxygen was maintained as the substrate was heated to the deposition 

temperature of 550°C (x = 0.04) or 700–750°C (x > 0.04), and, under typical growth conditions, 

continued during the deposition.  To explore the effect of oxygen activity on the defect structure 

of the films, some depositions were performed without the oxygen plasma, in a partial pressure 

of O2 between 2x10-5 and 8x10-7 Torr.  Cr metal (99.995% pure) was evaporated from an 
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electron beam evaporator, and the flux was monitored by atomic absorption spectroscopy.  Ti 

metal (99.99% pure) was sublimed from an effusion cell fitted with a proprietary, Ti-compatible 

crucible (DCA Instruments Inc.).  The overall growth rate was 0.24 Å/s to a final film thickness 

of 500 Å. For higher Ti concentrations (x > 0.08), the deposition of a 50 Å pure Cr2O3 buffer 

layer was required to establish epitaxy before Ti was introduced.  To avoid over-oxidation of Cr 

on the film surface26, 27 after Ti-doped Cr2O3 film deposition, the plasma source was switched off 

at the end of the growth and the O2 flow immediately ceased, before the substrate temperature 

was decreased.  Structural quality and morphology were monitored in situ before, during, and 

after deposition with reflection high energy electron diffraction (RHEED). 

High energy resolution XPS data were collected in situ in an appended ultra-high vacuum 

chamber utilizing a monochromated Al Kα x-ray source (λ = 1486.6 eV) and a 

GammaData/Scienta SES-200 hemispherical analyzer.  The energy resolution of the SES-200 

spectrometer is approximately 0.5 eV for the photoemission spectra reported here.  A low energy 

electron flood gun was utilized to compensate for charging effects in these highly resistive 

materials.  High resolution spectra were placed on an absolute binding energy (BE) scale by 

shifting the O 1s peak to align at 530.0 eV.28  Ex situ x-ray diffraction patterns and reciprocal 

space maps were collected on a Philips X’Pert Materials Research Diffractometer (MRD) using 

Cu Kα1 radiation monochromated with a hybrid mirror/4 crystal monochromator. High-resolution 

θ–2θ scans and reciprocal space maps were collected with fixed-slit detector optics.  

Ellipsometry data was collected as a function of incident photon energy with an variable-angle 

spectroscopic ellipsometer (V-VASE, J.A. Woollam) at angles of 50°, 60°, and 70°.  Data were 

fit using the WVASE software program. 

Charge states and local structure were determined by Cr and Ti K-edge x-ray absorption 

near-edge spectroscopy (XANES) and extended x-ray absorption fine structure (EXAFS) on the 

PNC/XSD beamline 20-BM at the Advanced Photon Source.  Measurements were made in 

fluorescence mode at glancing angles (~5° incident angle), with the x-ray polarization both 

perpendicular (perp) and parallel (par) to the surface.  Si (111) monochromator crystals were 

used with slit settings small enough that the energy resolution is dominated by the Si(111) 

crystals (ΔE/E = 1.4 x 10-3).  EXAFS data were quantitatively analyzed with the fitting program 

Artemis (version 0.8.012) by fitting par and perp data simultaneously for each film with a k-
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range from k = 2 Å-1 to k = 9 to 12 Å-1, depending on the noise level of the data.  The scattering 

path data calculated by FEFF6 utilized the POLARIZATION card to account for the polarization 

with respect to the crystal orientation.  Single-scattering paths out to second cation and anion 

neighbors were typically included in the fit.  Scattering distances and Debye-Waller factors were 

unconstrained, but the coordination numbers were fixed at the ideal lattice values.  This resulted 

in 9 – 10 independent fit variables (depending on whether the amplitude factor, S0
2, was varied 

or fixed, as discussed below).    

Resistivity measurements were performed on transmission line measurement (TLM) devices 

consisting of five contacts with various spacings ranging from 2 μm to 20 μm and a length of 1 

mm, which were deposited ex situ on selected pure and Ti-doped Cr2O3 films. In addition, 

interdigitated contact patterns with spacings of 20 μm (25 contract pairs, length of 780 μm) and 7 

μm (71 contact pairs, length of 780 μm) were also utilized, which can reduce the measured two-

terminal resistance with respect to the sheet resistance by a factor of roughly 10-3 and 10-4, 

respectively. The metal stacks of all structures consisted of a 150 nm layer of Au on top of a 20 

nm layer of Ti, and were deposited by electron beam evaporation. Two-terminal resistance 

measurements using these structures were performed on approximately 1×1 cm2 samples in the 

ambient environment.  Due to the highly resistive nature of the films, and possibly very low 

mobility, Hall effect measurements were unsuccessful.  Likewise, the van der Pauw method did 

not provide reliable sheet resistance measurements. 

Density functional theory (DFT) modeling was performed using the Vienna Ab initio 

Simulation Package (VASP).29  The projected augmented wave (PAW) method9 was used to 

approximate the electron-ion potential, and exchange-correlation effects were treated within the 

generalized gradient approximation (GGA) and Perdew-Burke-Ernzerhoff (PBE) functional 

form,30 modified for solids (PBEsol).31  The 4×4×4 Monkhorst-Pack k-mesh was used for static 

energy minimization and calculations of the densities of states.  To mitigate the well-known 

deficiencies of GGA in describing band gaps and defect electronic states, we adopted the 

GGA+U approach32 and fitted the value of U, applied to 3d states only. We considered the range 

of UCr from 2.0 to 4.4 eV.  UCr = 3.9 eV was found to provide the best compromise of lattice 

parameters and electronic structure.  The lattice and electronic structure dependence on UTi is 

discussed in detail below. The thermodynamic stability of various Cr2–x-yTixO3 and Cr2–xTixO3+z 
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phases, containing substitutional TiCr and either Cr vacancies (VCr) or interstitial oxygen species 

(Oi), were calculated with respect to the uncompensated phases Cr2–xTixO3 and pure α-Cr2O3 

following an approach described elsewhere.33  The calculations were performed using the 

orthorhombic Cr24O36 supercell. In the case of TiCr dopants and TiCr + VCr defect complexes, all 

non-equivalent configurations were considered.  In the case of TiCr + Oi defect complexes, we 

considered several configurations corresponding different distances between TiCr and Oi.  In each 

case the total energy was minimized with respect to the internal coordinates and lattice 

parameters. 

III. Results 

a. Epitaxy and film structure 

The epitaxial deposition of α-Cr2O3,26, 34 α-Fe2O3,35-39 (Fe,Cr)2O3,40 and (Fe,Ti)2O3
16, 18 thin 

films on α-Al2O3(0001) substrates by OPA-MBE is well established.  Despite the significant 

lattice mismatch between Cr2O3 (a = 4.96 Å) and Al2O3 (a = 4.76 Å) of δ = (aCr2O3-aAl2O3)/aAl2O3 

= 4.2%, thin layers of Cr2O3 grow well, with a smooth surface, and for that reason Cr2O3 has 

been used to grade the lattice mismatch between Al2O3 and Fe2O3 (a = 5.04 Å).41  The deposition 

of Ti-doped Cr2O3 on Al2O3(0001) is expected to behave very similarly to the deposition of pure 

Cr2O3, since the ionic radius of Ti4+ (0.605 Å) is very similar to that of Cr3+ (0.615 Å), and thus 

negligible change in lattice parameter occurs upon substitutional doping.22  Indeed, Cr2–xTixO3 

films are epitaxial and crystalline for x ≤ 0.05.  Surprisingly, however, for x > 0.08 the 

deposition of Cr2-xTixO3 on Al2O3 resulted in amorphous films (as judged by the loss of RHEED 

diffraction features).  Epitaxy was only realized if a thin (50 Å) Cr2O3 buffer layer was deposited 

before the introduction of Ti.  As shown by the XRD and RHEED patterns in Fig. 1(a), with the 

inclusion of this buffer layer the Ti-doped Cr2O3 film exhibits epitaxy, even at a high dopant 

concentration of x = 0.26.  Finite-thickness interference fringes are observed in the XRD θ-2θ 

scan, indicating that the film is well-ordered in the out-of-plane direction, with a sharp interface 

at the substrate.  The asymmetry of the (006) film reflection, and marked asymmetry of the finite 

thickness fringes, arises in part from interference of the pure Cr2O3 buffer layer.  Non-uniform 

strain fields in the film, due to incomplete relaxation of epitaxial strain, may also contribute to 

this asymmetry.  The surface morphology can also be inferred from the RHEED patterns: slight 

modulation of the streaks is observed, indicating some surface roughness.   
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An RSM of the (1 0 10) reflection of the film and substrate is presented in Fig. 1(b).  The 

elongation of the substrate reflection is an artifact of the x-ray optics employed during the 

measurement.  The reflection from the Cr1.72Ti0.26O3 film appears as a single peak, confirming an 

in-plane epitaxial relationship with the substrate.  Despite the large lattice mismatch, the peak 

does not lie at the fully relaxed (bulk-like) position.  In addition, the reflection is broadened in 

the in-plane (qxy) direction, consistent with the broad (006) reflection in Fig. 1(a).  Again this 

likely represents a range of strain states in the film.  In agreement with previous reports,23 a weak 

trend of increasing c lattice parameter and decreasing a lattice parameter was observed with 

increasing Ti doping concentration, from c = 13.569 Å to 13.670 Å and a = 4.987 Å to 4.957 Å 

for x = 0.04 to 0.26.  However, we attribute this trend to incomplete strain relaxation, not an 

intrinsic change in the lattice parameters of Ti-doped Cr2O3, as evidenced by the lattice 

parameters measured for a thick (4900 Å) film of Cr1.80Ti0.20O3: c = 13.593 Å and a = 5.005 Å.  

For reference, the lattice parameters of bulk Cr2O3 are generally taken as c = 13.599 Å and a = 

4.9607 Å.7   

Analysis of the Ti and Cr K-edge EXAFS data confirms Ti substitution in the corundum 

lattice.  Figure 2(a) presents the Ti K-edge EXAFS Fourier transformed χ(R) spectra for 

Cr1.96Ti0.04O3.  The local environment around Cr in pure Cr2O3 is affected by both misfit 

dislocations that form to relieve the epitaxial strain to the substrate and, if this strain relaxation is 

incomplete as indicated by the XRD patterns in Fig. 1, residual strain fields.  In the Ti-doped 

films, the additional presence of charge-compensating point defects reduces the fit quality, with 

strong correlation between fit parameters, of the pseudo-radial distribution function (RDF) for all 

Ti concentrations investigated.  In particular, the amplitude factor (S0
2) is primarily a function of 

the emitting element, and thus is expected to remain approximately the same value across all fits.  

An unconstrained fit to the Cr1.96Ti0.04O3 film (shown in Fig. 2(a)), which presumably possesses 

less disorder than the films with higher Ti concentrations, resulted in an S0
2 value of 0.7; 

likewise, a fit to the Cr K-edge RDF for the same film produced a similar S0
2 value of 0.65.  

However, S0
2 was found to increase significantly with increasing Ti concentration, rising as high 

as 1.049 for a similar unconstrained fit to Cr1.74Ti0.26O3.  To keep the fits consistent between 

films, the amplitude factor was constrained to a value of 0.7 for all Ti K-edge EXAFS fits.  

Despite the difficulty in obtaining high quality fits, it is clear from the Ti K-edge RDF in Fig. 
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2(a) that Ti is substitutional in the corundum lattice.  No evidence of a secondary phase such as 

rutile or anatase TiO2 is observed, even for higher Ti concentrations.   

In the corundum lattice, the cations are six-fold coordinated, bonding to O ions in a distorted 

octahedral environment.42  The unstrained Cr2O3 structure consists of three Cr-O bonds at 1.964 

Å and three at 2.013 Å.  An analysis of the Ti-O nearest-neighbor (NN) distances from the 

EXAFS fits is plotted in Fig. 2(b), along with the predicted values determined using the lattice 

parameters measured by XRD (which, as discussed above, are reasonably close to the ideal 

values, since the Ti-doped Cr2O3 films are nearly fully relaxed).  Greater distortion is observed 

for the Ti octahedra than predicted from the bulk crystal structure.  Most notably, the closest Ti-

O NN distances (Ti – O1) are significantly shorter than expected, although the longer Ti-O2 

distances show no clear trend with regards to the predicted values.  These Ti-O distances can be 

compared to those for TiO2 in the anatase and rutile polymorphs: in anatase, Ti-O1 = 1.937 Å 

and Ti-O2 = 1.966 Å, and in rutile Ti-O1 = 1.946 Å and Ti-O2 = 1.983 Å.  For both polymorphs, 

the Ti-O1 distances are shorter than those found in ideal Cr2O3, but longer than those determined 

by EXAFS fitting in Fig. 2(b).   A similar distortion in the Ti-O octahedra is observed for 

Ti0.14Cr0.86O3 deposited in 8x10-6 Torr O2 without activated oxygen from the plasma, but the 

distortion disappears entirely for Ti0.16Cr0.84O3 deposited in 8x10-7 Torr O2 without activated 

oxygen.  In this case, the identical Ti-O1 and Ti-O2 distances found from the EXAFS fit likely 

indicates a significant amount of crystalline disorder in this film, consistent with the modulated 

RHEED pattern (not shown) which revealed surface roughness.  The next nearest-neighbor 

(NNN) Ti-Cr distances plotted in Fig. 2(c) show consistent expansion relative to the ideal values 

for films deposited under all conditions. 

In a previous EXAFS study of Ti-doped Cr2O3 powder material, Blacklocks et al.43 also 

obtained poor quality fits to their data, which they attributed to significant structural disorder.  In 

that work, the NN Ti-O1 and Ti-O2 distances refined to the same value, indicating that the 

octahedral distortion had been lifted, in contrast to the results in Fig. 2(b).  However, the Ti-O 

distance from their fits was contracted, with values of 1.937 – 1.957 Å depending on Ti 

concentration, which is qualitatively similar to the contracted Ti – O1 distances in Fig. 2(b).  The 

next-nearest-neighbor (NNN) Ti-Cr distances in the powder material were slightly expanded, 

consistent with the results for the epitaxial films shown in Fig. 2(c).  This NNN expansion is 
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consistent with DFT calculations,25 but the contraction in the NN Ti-O distances was not 

predicted (instead, simulations predicted an expansion in the NN shell as well as the outer 

shells).  The NN Ti-O contraction may be related to the defects that form to maintain charge 

neutrality, and will be discussed in detail below.   

b. Electronic structure and Ti valence 

To understand the defect compensation mechanisms and electrical transport properties of Ti-

doped Cr2O3, it is necessary to first determine the electronic structure of the material and the Ti 

dopant valence.  To this end, in situ core level XPS results are presented in Fig. 3.  The O 1s  and 

Cr 2p core level peaks in Figs. 3(a) and 3(b), respectively, exhibit some broadening when doped 

with Ti;  the Cr 2p peaks showan approximately 0.2 eV increase in full width at half maximum, 

FWHM compared to pure Cr2O3, while the FWHM of the O 1s peaks broaden somewhat more 

(ΔFWHM ≈ 0.4 eV) when Ti is doped into Cr2O3.  Slight changes in broadening are observed at 

different Ti concentrations for both the O 1s and Cr 2p peaks.  These changes do not follow a 

monotonic dependence on Ti concentration, and instead are attributed to slight changes in the 

effectiveness of external charge compensation between samples.  As shown in Fig. 3(c), 

however, more dramatic changes are observed in the Ti 2p spectra.  To illustrate these changes, 

Fig. 3(c) also plots the Ti 2p spectrum from slow-grown Fe1.92Ti0.08O3, which is known to exhibit 

substitutional Ti4+ in the Fe2O3 lattice and electrically insulating behavior.18  This spectrum 

exhibits a slight broadening (FWHM = 1.31 eV) compared to the spectrum for Ti4+ in a well-

defined crystal lattice such as SrTiO3 (FWHM = 1.07  eV).44  In contrast, the Ti 2p core level 

peaks for the Ti-doped Cr2O3 films exhibit substantial broadening which scales inversely with 

the Ti concentration; for Cr1.96Ti0.04O3, the FWHM is 2.65 eV.  Although the peak narrows 

somewhat with increasing Ti concentration, as shown in the inset to Fig. 3(c), it does not 

approach the FWHM value for Ti-doped Fe2O3.  In addition to the peak broadening, the inset to 

Fig. 3(c) shows that the position of the Ti 2p3/2 peak centroid (defined as the center of intensity at 

half maximum) shifts to higher binding energy (BE) as the Ti concentration decreases from x = 

0.05 to x = 0.026; for x > 0.05 the peak position remains within 458.0 – 458.1 eV.  The nominal 

position of Ti4+ in rutile TiO2 is 458.8 eV,45 well above the centroid positions of all the Ti 2p 

spectra from Ti-doped Cr2O3 films shown in Fig. 3(c).  As shown in Fig. 3(d), the broad Ti 2p 

spectrum for Cr1.84Ti0.16O3 can be fit with two Voigt peaks separated by ~1.0 eV.  The best fit 
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position for the Voigt peak at higher BE is found to be 458.6 eV, close to the nominal position 

for Ti4+ in SrTiO3.  However, the separation between the two Voigt peaks, ~1.0 eV, is less than 

the separation between Ti4+ and Ti3+, which is typically found to be in the range of 1.5 – 2.0 

eV.45-47  Similar Ti 2p peak shifts and broadening were observed previously in Ti-doped Cr2O3 

powder material,10 and assigned as substitutional Ti4+, with the BE shift and peak broadening 

attributed to screening and local differences in charging or lattice environment around the Ti4+ 

ions, respectively.  In contrast, a textured thin film study23 attributed similar peak shifting and 

broadening to the incorporation of substitutional Ti3+ in the Cr2O3 lattice.   

To better elucidate the valence state of substitutional Ti in Cr2O3, Ti K-edge XANES spectra 

are presented in Fig. 4.  Comparison of the absorption edge position of the Ti-doped Cr2O3 films 

with reference spectra for rutile TiO2 powder and a synthetic Ti2O3 single crystal (synthesized at 

Lincoln Laboratory48 and measured along with the Ti-doped Cr2O3 films in this work) indicates 

that the Ti valence state in the films is nominally Ti4+.  Closer inspection of the leading edge 

(inset to Fig. 4) reveals only minor variations in position.  Both Cr1.84Ti0.16O3 deposited in O2 and 

Cr1.96Ti0.04O3 exhibit a slight edge shift to lower energy, indicating that they may contain a small 

fraction of Ti3+ (less than 20% of the total Ti present).  Nonetheless, the XANES data confirms 

that Ti substitutes primarily as Ti4+ in the Cr2O3 lattice.  Thus, the broad Ti 2p peaks and centroid 

shifts observed by XPS for all Ti-doped Cr2O3 films arise from substitutional Ti4+, without a 

significant Ti3+ component.   

 The electronic structure changes that occur with Ti4+ substitution in the Cr2O3 lattice were 

explored with spectroscopic ellipsometry.  Figure 5(a) plots the index of refraction, n, and 

extinction coefficient, k, for thick epitaxial films of both pure Cr2O3 (4400 Å thick) and 

Cr1.80Ti0.20O3 (4900 Å thick).  Despite the relatively low Ti doping level, significant changes are 

seen in the fine structure of both n and k compared to Cr2O3.  The Tauc plot for direct bandgap 

absorption, plotted in Fig. 5(b) as (αhν)1/r vs hν with 1/r = 2 and the absorption coefficient, α, 

calculated as α = 4πk/λ, indicates that the estimated bandgap for Ti-doped Cr2O3 occurs at a 

somewhat higher energy, 3.49 eV, than the bandgap of Cr2O3 (3.27 eV).  The additional intensity 

around 3 eV photon energy apparent in k for Ti-doped Cr2O3 compared to pure Cr2O3 is 

manifested in the Tauc plot as a significant absorption tail at approximately 3.0 – 3.5 eV.  This 
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absorption tail does not exhibit a linear region in Fig. 5(b), nor does it exhibit clear linear 

behavior when plotted with 1/r = ½ (indirect bandgap).     

The XPS valence band (VB) spectra for several Ti concentrations, as well as pure Cr2O3, are 

presented in the inset to Fig. 5(b).  The spectra have been normalized to the feature at the top of 

the VB.  This peak derives from occupied Cr 3d eg states, and thus as the fraction of Ti increases, 

this peak diminishes relative to the M 3d - O 2p band (M = Cr, Ti).  Close inspection of the 

leading edge of the VB (near BE = 0 eV) reveals that, while Ti doping slightly broadens the 

edge, the degree of broadening does not scale with Ti concentration; thus, Ti doping does not add 

states at the top of the VB.  This confirms DFT results25 (see also Fig. 7) that predicted no 

change to the valence band of Cr2O3 with Ti doping.  

Room temperature resistance measurements as a function of distance between electrodes 

(transmission line measurements) were made on a 4900 Å thick Cr1.80Ti0.20O3/Al2O3(0001) 

sample.  As shown in Fig. 6, a linear dependence of resistance on electrode spacing is observed.  

The sheet resistance of the Ti-doped Cr2O3 film, Rs, was calculated from R = 2Rc + Rs(d/l), 

where R is the slope of the least squares best fit of the data, the intercept is equal to twice the 

contact resistance, Rc, d is the distance between gold electrodes, and l is the length of the 

electrode (1 mm).  An average over three sets of electrodes produces a sheet resistance (Rs) of 

3.6 ± 0.2 GΩ/ .  The film resistivity, neglecting any contribution from the insulating Al2O3 

substrate, is given by ρ = Rs·t, where t is film thickness.  From this, the film resistivity is 

calculated to be 1.8x106 Ω·cm.  As confirmation that the measured resistance corresponds to 

bulk resistivity, not surface or interface effects, a thin (500 Å thick) Cr1.84Ti0.16O3/Al2O3(0001) 

sample was also measured, and a sheet resistance of 62 ± 2 GΩ/  was found.  This corresponds 

to a resistivity, 3.6 x106 Ω·cm, similar to the thick film, which corroborates the assignment of 

resistivity as an intrinsic bulk property of Ti-doped Cr2O3.   For comparison, resistance 

measurements were made on a 4400 Å thick pure Cr2O3 thin film using interdigitated electrode 

structures with 7 μm electrode spacing.  The resulting I-V data are shown in the inset to Fig. 6, 

and the sheet resistance calculated from this data is estimated to be 105 TΩ/ .  This corresponds 

to a resistivity of approximately 5x1010 Ω·cm, which is four orders of magnitude larger than that 

of Ti-doped Cr2O3.  The sample resistivities of both doped and pure Cr2O3 are too high to 
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reliably measure Hall voltages or Seebeck coefficients, precluding determination of the carrier 

type of either pure or Ti-doped Cr2O3. 

c. Thermodynamic stability of defects in Cr2-xTixO3 

Insights into both the crystalline structure and electronic properties of Ti-doped Cr2O3 are 

gained by performing DFT calculations.  A 60-atom supercell (Cr24O36) was optimized with 

respect to the fractional coordinates and lattice parameters using the PBEsol functional.  

Although PBEsol typically reproduces experimental lattice parameters well,31 in the case of 

Cr2O3 an unexpectedly large lattice parameter deviation from the experimental values (up to 

2.4%) was observed.  To correct the lattice parameters, a Hubbard U parameter was introduced.  

U = 3.9 eV was found to correct the in-plane (a) lattice parameter of pure Cr2O3 to nearly the 

experimental value, but no value of U was able to exactly reproduce the experimental c lattice 

parameter.  Thus, U = 3.9 eV was utilized for Cr in the calculations, which resulted in lattice 

parameters of a = 4.959 Å and c = 13.609 Å.  This U value also provided a good approximation 

of the electronic structure of pure Cr2O3; the calculated bandgap of 3.16 eV is reasonably close 

to the experimental value of 3.3 eV.  In contrast, a value of U = 0 applied to Ti in a supercell of 

rutile TiO2 was found to best reproduce the experimental lattice parameters.  

The one-electron densities of states (DOS) and projected DOS calculated for Cr23Ti1O36 (not 

compensated by VCr or Oi) with a Hubbard parameter of U = 3.9 eV applied to Cr only or Cr and 

Ti are shown in Fig. 7, together with the DOS calculated using the hybrid B3LYP density 

functional.49, 50  In all cases, the first Ti3+ 3d state appears in the Cr2O3 bandgap.  When UTi = 3.9 

eV is applied to the Ti 3d states, they appear near the conduction band minimum (CBM), 

whereas for UTi = 0 the Ti 3d state appears near mid-gap.  With the hybrid B3LYP functional, 

the experimental bandgap of Cr2O3 is well approximated, and the Ti3+ state is located near mid-

gap.  Since UTi = 0 places the Ti3+ 3d state at the same distance from the top of the VB as does 

the hybrid calculation, the results presented below used UTi = 0 and UCr = 3.9 eV.  In accordance 

with the XPS valence band results in Fig. 5(b), the PDOS for all calculations confirms that there 

is little contribution from Ti in the Cr2O3 valence band.   

To investigate the energetics, structure, and electronic properties of Ti substitution in Cr2O3, 

supercells of Cr24-m-nTimO36+k were generated for 0 ≤ m ≤ 3, n = 0 or 1, and k = 0 or 1.  Cr 
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vacancies have been hypothesized to dominate in Ti-doped Cr2O3,22 although Cr2O3 is known to 

accommodate excess oxygen.14  Thus, both Cr vacancies and oxygen interstitials were 

considered as charge-compensating defects in the calculations.  The thermodynamic stability of 

the most stable configuration of each defect structure relative to both an O2 molecule and two O 

atoms, as a function of oxygen activity (the oxygen chemical potential, ΔμO), are shown in Fig. 

8(a) and 8(b), respectively.  Without Ti doping (m = 0, n = 0), an additional O atom (k = 1) was 

found to bind to a lattice O2- anion, forming a peroxy-like O2
2- molecular ion.  This structure is 

thermodynamically preferred if pure Cr2O3 (m = n = k = 0) reacts with oxygen atoms present in 

the activated oxygen flow.  In Ti-doped Cr2O3, however, when one or two Ti cations are 

substituted in the supercell (m = 1 or 2, k = 1), the additional oxygen instead adopts an interstitial 

configuration (O2-) by bonding to a Ti cation; the formal charge of the Ti cation becomes +4.  If 

m = 1 (one Ti species per supercell), a neighboring Cr cation also experiences a formal charge 

increase from +3 to +4; however, if m = 2 (two Ti species in the supercell), interstitial oxygen 

preferentially oxidizes both Ti3+ to Ti4+ instead.  Likewise, inclusion of VCr in the supercell 

preferentially oxidizes Ti to Ti4+; if fewer than three Ti are present, one or two holes are 

introduced at the top of the VB to maintain overall charge neutrality.  The formation of VCr is 

more energetically favorable than the incorporation of oxygen interstitials at lower oxygen 

activity.  Conversely, at higher oxygen activity, oxygen interstitials become somewhat more 

favorable.  These trends are qualitatively the same for the range of U parameters explored (2.0 – 

4.4 eV). 

Figure 8(c) plots the onsite potential at the Ti dopant cation for selected geometric 

configurations of 2 TiCr + VCr and 2 TiCr + Oi calculated above, as well as 2 TiCr without 

compensating defects, within the 60 atom supercell containing 24 cation sites.  It can be noted 

that there is a broad distribution of potentials for both defect compensation mechanisms.  For 

both 2 Ti + VCr and 2 Ti + Oi, the more energetically favorable defect configurations (darker 

symbol colors) exhibit a less negative onsite potential, while less favorable configurations 

(lighter symbol colors) are clustered at a somewhat more negative onsite potential.  

Configurations which result in Ti3+ are tightly clustered at an onsite potential which is less 

negative than the Ti4+ potentials.  To visualize the effect of these configurations on the 

experimental Ti 2p core level measured by XPS, distributions of the Ti on-site electrostatic 

potential were constructed by weighing the contribution of each configuration with the 
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corresponding Boltzmann factor and broadening them with Gaussian functions of FWHM = 0.25 

eV.  The sum of the weighted and broadened potentials for each defect type are presented in Fig. 

8(d).  For each defect type, the onsite potential for the O 1s core level was shifted to align with 

that for uncompensated Ti3+ in Cr2O3.  The same shifts were applied to the Ti 2p onsite potentials 

in Figs. 8(b) and 8(c); this is analogous to the shifts applied to the XPS data in Fig. 3 which 

aligned the O 1s core level peaks.  In Fig. 8(d), 2 Ti4+ + Oi exhibits a broader distribution than 

does 2 Ti4+ + VCr, with a majority of the additional intensity present on the left side of the Ti4+ 

distribution.  Thus, intensity arising from the presence of Ti4+ + Oi is expected to appear at 

higher BE than that from Ti + VCr in the experimental Ti 2p XPS spectra. 

Average M – O bond lengths from MO6 octahedra (M = Cr, Ti) corresponding to the most 

stable configurations of the structures discussed above are given in Table I.  The two values for 

the nearest-neighbor Cr – O bond lengths match reasonably well with the experimental values for 

the distorted MO6 octahedra of corundum Cr2O3 (dshort = 1.964 Å and dlong = 2.013 Å).  

Substitution of Ti for Cr further distorts the octahedral MO6.  The ionic radius of Ti3+ (0.67 Å) is 

larger than that of Cr3+ (0.615 Å), and thus the observed expansion of the Ti3+O6 octahedra, 

indicated by an increase in dlong, is to be expected.  A stronger distortion occurs when Ti4+ is 

surrounded by O6 + Oi in the corundum lattice.  When present, interstitial oxygen was included 

in the bond length calculations.  Despite the slightly smaller ionic radius of Ti4+ (0.605 Å) than 

Cr3+, a marked expansion of the Ti4+O6 octahedra is observed, primarily due to a increase in dlong.  

In contrast, the Ti4+O6 octahedra contracts when a Cr vacancy (VCr), not Oi, forms to maintain 

charge neutrality.  In this case, the distortion results in a significantly reduced dshort bond length.  

To quantify the degree of octahedral distortion in these configurations in an experimentally 

accessible manner, Table I also lists the difference between the average “long” and “short” M – 

O bond lengths as Δd.  No significant dependence of dlong and dshort values on Ti concentration 

was observed. 

 

IV. Discussion 

The electrical transport properties of pure Cr2O3 at lower temperatures (< 1000°C) have not 

been well established because the intrinsic conductivity is extremely low, and the carrier 
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concentration is typically dominated by fixed-valence extrinsic defects.21, 22  The high sample 

resistivity measured here for a very pure Cr2O3 thin film, ρ = 1.5x109 Ω·cm, represents the best 

lower bound estimate to date of the intrinsic transport properties of Cr2O3 at room temperature.  

This resistivity value is considered a lower bound since the adsorbed water film present on the 

film surface under ambient conditions may also contribute to the measured conduction. 

The spectroscopic data confirm that Ti substitutes in the Cr2O3 lattice as Ti4+, but it is clear 

from the transport measurements that the films are highly resistive.  The transport properties of 

the thick Cr1.80Ti0.20O3 film can be estimated from the resistivity calculated from Fig. 6 (3.6 x106 

Ω·cm).  Resistivity is related to the carrier concentration and mobility through the relation ρ = 

1/(n·e·μe + p·e·μh), where e is the electron charge, n and p are the electron and hole 

concentrations, respectively, and μe and μh are the electron and hole mobilities, respectively.  

Resistivity measurements alone cannot determine the electron concentration and mobility, only 

their product.  However, two limiting cases can be assumed which provide bounds on the 

mobility and free carrier concentration.  First, if it is assumed that the hole concentration is 

negligible (p = 0), and further that the electron mobility (μe) is governed by polaron hopping and 

has a similar value as for p-type polarons in Mg-doped Cr2O3, 1x10-4 cm2/V·s,14 the electron 

concentration n can be estimated as 3.6x1016 cm-3. This carrier concentration is four orders of 

magnitude less than the number of Ti4+ dopants in the film (~4x1020 cm-3).  The small but real 

effect of adding Ti4+ to Cr2O3 is confirmed by a similar calculation using the measured resistivity 

of pure Cr2O3, which results in an estimated electron concentration on the order of 1012 cm-3.  

Alternatively, it can be assumed that, as an upper bound, each Ti4+ contributes a free carrier, and 

the measured resistivity is governed by the mobility of these carriers.  Assuming a free electron 

concentration of 4x1020 cm-3, a lower bound on the mobility of 9x10-9 cm2/V·s is calculated.  

Although the resistivity data alone cannot distinguish between these two limiting cases, the 

structural evidence of defect compensation by VCr and/or Oi indicates that the transport properties 

are governed by a lower carrier concentration and higher carrier mobility. 

This contradicts an earlier theoretical prediction,25 and differs markedly from the reasonably 

high conduction observed in Ti4+-doped Fe2O3, where ~1x1020 cm-3 electrons which exhibited 

hopping conductivity with a mobility of ~0.2 cm2/V·s were found by Hall measurements for a 

similar Ti doping concentration.18  The highly resistive behavior of Ti-doped Cr2O3 can be 
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qualitatively understood from the DFT results presented above: both VCr and Oi are 

thermodynamically favored over Ti4+ + free e-.  Indirect evidence of defect compensation by  

oxygen interstitials and/or Cr vacancies is observed in the local structure around the Ti dopants, 

as probed by EXAFS.  In Fig. 2(b), strong octahedral distortion is observed for the Ti-doped 

Cr2O3 films.  This distortion can be qualitatively correlated to Δd in Table I.  Very similar values 

of Δd are calculated for the Ti4+ + Oi complex compared to Ti4+ + VCr, which are not significant 

enough to allow us to distinguish between VCr and Oi in the EXAFS data.  However, the reduced 

dshort bond length for  Ti4+ + VCr, combined with a slightly expanded dlong, match very well to the 

octahedral distortion presented in Fig. 2(b); for Cr1.84Ti0.16O3 deposited with the oxygen plasma, 

the predicted bond lengths match the EXAFS data quantitatively.  Overall, the dominant role of 

VCr in compensating Ti4+ dopants is apparent, although the role of Oi cannot be ruled out, given 

the similar Δd values in Table I.  

Further evidence of the localized defect compensation mechanisms intrinsic to Ti-doped 

Cr2O3 is revealed by the Ti 2p core level XPS data presented in Fig. 3.  Despite the confirmation 

from XANES (Fig. 4) that the Ti dopants are present as exclusively (or nearly exclusively) Ti4+, 

the Ti 2p core level spectra in Fig. 3(b) are extremely broad.  The FWHM of the Ti 2p peak 

exhibits a monotonic dependence on the Ti dopant concentration, with the broadest peaks 

associated with the lowest Ti concentrations.  At intermediate and higher Ti concentrations (x > 

~0.1), the broad shape of the Ti 2p core level qualitatively correlates with the distribution of 

onsite potentials calculated for various configurations of Ti4+ + VCr in Fig. 8(d).  As the Ti 

concentration increases, the probability of three Ti dopants incorporating in the Cr2O3 lattice in 

close proximity to each other also increases, leading to favorable Ti4+ + VCr configurations and 

thus narrowing the distribution of Ti 2p onsite potentials.  Note, however, that the broad 

distribution of on-site potentials (even for favorable configurations) indicates that this peak will 

never reach the very narrow FWHM associated with Ti4+ in TiO2.  Deposition at very low Ti 

concentrations results in particularly broad Ti 2p peaks, which are shifted to higher BE (Fig. 

3(b)).  We propose that the increased peak broadening and peak shift are associated with the fact 

that, at low Ti concentrations where Ti dopants are widely spaced, a fraction of Ti4+ + Oi forms 

in addition to less favorable Ti4+ + VCr configurations.  As shown by the calculated onsite 
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potentials in Fig. 8(d), the presence of Ti4+ + Oi is expected to both broaden the Ti 2p core level 

peak and add increased spectral intensity to higher BE. 

The complex defect structure of Ti-doped Cr2O3 revealed here, suggesting a significant Ti 

doping concentration dependence, provides insights beyond the more simplistic view of previous 

work.10, 11, 20, 22, 43  This dependence is not necessarily unique to OPA-MBE deposition.  For 

example, whether activated oxygen from the plasma is utilized during deposition (at a similar 

oxygen background pressure) does not appear to significantly alter the formation of Oi versus VCr 

as compensating defects.  This is illustrated in Fig. 3(b), where the Ti 2p peak width and position 

of x = 0.12 films deposited at 2x10-5 Torr with and without the oxygen plasma exhibit reasonably 

similar values.  Likewise, the Ti-O nearest-neighbor bond distances exhibit stronger-than-

expected distortion for Ti-doped Cr2O3 films deposited with (x = 0.16) and without (x = 0.14) the 

oxygen plasma.  Only when the O2 pressure is reduced significantly (8x10-7 Torr) does the Ti 2p 

peak shifts towards Ti3+ (Fig. 3(b)), some evidence of Ti3+ is observed in the XANES absorption 

edge position (Fig. 4), and the distortion of the Ti octahedral environment becomes much less 

pronounced (Fig. 2(b)).  This is associated with concurrent roughening of the Ti-doped Cr2O3 

film and increased crystalline disorder.   

The different behavior of Ti4+ dopants in Cr2O3 versus Fe2O3 can be understood from 

differences in their band structure.  As illustrated for Ti-doped Cr2O3 by the partial density of 

states (PDOS) plots in Fig. 7, the Ti3+ 3d states lie near mid-gap, separated from the conduction 

band minimum (CBM).  These Ti 3d states can be removed from the gap by ionizing Ti3+ to Ti4+, 

as observed experimentally.  To transfer an electron from Ti3+ to the conduction band is 

energetically costly (estimated as ~1.8 eV from the hybrid PDOS in Fig. 7), and from the 

experimental results indicating the lack of carriers in the conduction band, we conclude that the 

energy cost to form VCr and/or Oi is significantly less.  This is corroborated by the formation 

energies presented in Figs. 8(a) and 8(b), which predict an energy gain to form VCr at most 

oxygen activities, and Oi at high oxygen activity.  Fe2O3, in contrast, possesses a bandgap of only 

2.1 eV.3  Assuming a similar distance between the valence band and the mid-gap Ti3+ states as 

that in Cr2O3 (~2.5 eV from the hybrid calculation), in Fe2O3 the Ti 3d states are expected to lie 

at or above the CBM.  Indeed, Ti 3d states at the CBM were observed in a previous simulation of 

Ti-doped Fe2O3 using B3LYP hybrid functionals.16  Electron transfer from Ti3+ to the CBM 
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would then be energetically favorable compared to defect formation.  This renders Ti-doped 

Fe2O3 reasonably conductive, exhibiting shallow polaron-like conductivity with reasonable 

carrier mobility.18 Ti-doped Cr2O3, in contrast, exhibits only very weak conductivity resulting 

from charge hopping between defect states deep in the gap with extremely low carrier mobility.  

It should be noted, however, that previous experimental work on Ti-doped Fe2O3 showed that, if 

the oxygen activity is increased by decreasing the thin film deposition rate at fixed oxygen 

pressure, the films become highly resistive.  This observation is consistent with the formation of 

compensating VFe or Oi defects at higher oxygen chemical potentials, analogous to Ti-doped 

Cr2O3 (see Figs. 8(a) and 8(b)).  

As discussed above, earlier studies on the transport properties of bulk Ti-doped Cr2O3 

monoliths at elevated temperature (1000°C) have produced conflicting results: Holt and 

Kofstad20 observed a cross-over from n-type to p-type conductivity at high oxygen activity.  

However, Atkinson et al.22 found that, for a higher Ti dopant concentration, no cross-over 

occurs; the material remains n-type over all oxygen activities.  This disagreement may arise from 

the Ti concentration dependence of the defect compensation mechanisms that we have observed.  

At high Ti concentrations such as those investigated by Atkinson et al.,22 VCr is the dominant 

compensating defect.  As the oxygen activity (partial pressure of oxygen in equilibrium with the 

Ti-doped Cr2O3 sample) is varied, the slow self-diffusion kinetics51 of cations in Cr2O3 render 

the concentration and configuration of VCr nearly fixed.  In this scenario, n-type conductivity 

arises from hopping between deep defect states, as discussed above for the Ti-doped Cr2O3 thin 

films.  However, at low Ti concentrations such as those employed by Holt and Kofstad, the 

defect compensation mechanisms are hindered by the wide spacing between Ti dopants; less 

energetically-favorable VCr configurations, as well as Oi configurations, may form.  At low 

oxygen activity, Oi removal from the lattice may be facile, resulting in uncompensated Ti4+ 

which contribute to the n-type conductivity.  At high oxygen activity, however, the opposite may 

occur, and an excess of Oi in the lattice will result in VCr which are no longer compensated by Ti 

dopants.   Uncompensated VCr introduces holes into the Cr2O3 valence band which could lead to 

the p-type conductivity observed at low Ti concentrations.        
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V. Conclusions 

Epitaxial thin films of Cr2-xTixO3 were deposited by OPA-MBE to investigate the structural 

and electronic effects of Ti doping.  Ti dopants were found to incorporate as Ti4+ under most 

deposition conditions; even with the lowest O2 partial pressure explored, 8x10-7 Torr O2, Ti was 

incorporated primarily as Ti4+ despite the observed structural disorder and surface roughening.  

In contrast to Ti4+ doping of Fe2O3, which leads to reasonable values of n-type conductivity, Cr2-

xTixO3 thin films were found to be highly resistive.  Detailed analysis of the octahedral distortion 

around the Ti dopant, and comparison to relaxed supercells with various types of defect 

compensation, led us to conclude that Ti4+ is compensated by Oi and/or VCr.  While the difference 

in octahedral distortion is not large enough to distinguish between the two, differences in the 

calculated on-site electrostatic potential of Ti dopants with Oi versus VCr are clearly 

distinguishable.  These differences are consistent with the broadening of the Ti 2p core level 

peak observed by XPS.  Higher Ti4+ dopant concentrations were found to induce primarily VCr as 

compensating defects, while very low dopant concentrations appear to exhibit compensation by 

Oi in addition to less energetically favorable configurations of VCr.  These differences in defect 

formation with Ti doping level may explain the discrepancy in the literature20, 22 in which p-type 

conductivity was observed for very low Ti concentrations at elevated temperature and high 

oxygen activity, but at higher Ti concentrations n-type conductivity was observed under the same 

measurement conditions.  These insights will inform future studies to exploit the wide variety of 

electronic and magnetic properties of corundum-structure oxides. 
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TABLE I.  Distance from Cr or Ti to nearest-neighbor oxygens in the first octahedral 
coordination sphere, as predicted from ab initio (DFT) simulations of supercells with various 
dopant and defect configurations.  In all cases, the values are for the lowest-energy 
configuration, and are averaged over the three shortest or longest octahedral bonds; the error was 
taken as the standard deviation of this average.  Results from supercells with m = 1 (x = 0.042), 2 
(0.083), and 3 (0.125) Ti dopants were averaged for each configuration (except for Cr3+, taken 
from a pure Cr2O3 cell).  The difference between average long and short bond lengths is given as 
Δd. 

 

Configuration dshort (Å) dlong (Å) Δd (Å) 
Cr3+ 1.966 ± 0.0003 2.015 ± 0.0004 0.049 

Ti3+ 1.966 ± 0.02 2.071 ± 0.03 0.105 

Ti4+ + Oi 1.960 ± 0.06 2.134 ± 0.07 0.173 

Ti4+ + VCr 1.900 ± 0.08 2.062 ± 0.10 0.162 
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FIG. 1. X-ray diffraction patterns of Cr1.74Ti0.26O3. (a) Out-of-plane θ-2θ pattern.  Inset shows in 
situ RHEED patterns after deposition. (b) Reciprocal space map (RSM) of the (1 0 10) reflection 
of the α-Al2O3 substrate (top) and film (bottom).  Dashed lines indicate relationship between 
film and substrate peaks assuming coherent epitaxial growth (vertical) or fully relaxed film 
(diagonal).   
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FIG. 2. (a) Ti K-edge EXAFS data (symbols) and fits (solid lines) for Cr1.96Ti0.04O3. (b) First-
shell Ti-O distances (symbols) from EXAFS fits to films deposited with the oxygen plasma and 
films deposited in O2. Dashed and dash-dot lines indicate the expected distances determined 
from the XRD lattice parameters.  (c) Second-shell Ti-Cr distances from the same EXAFS fits 
(symbols) and XRD lattice parameters (dashed and dash-dot lines).   
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FIG. 3. In situ high resolution XPS spectra of (a) O 1s, (b) Cr 2p3/2, and (c) Ti 2p core level 
spectra.  All spectra are referenced to O 1s at 530.0 eV.  Inset to (c) plots the Ti 2p3/2 FWHM 
(left axis) and centroid position (right axis) as a function of Ti concentration for films deposited 
with the oxygen plasma (filled symbols) and in O2 (open symbols). The same line colors and 
styles for each sample are used in parts (a), (b), and (c). (d) Fit of Cr1.84Ti0.16O3 to two 
components at high and low BE, respectively.  
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FIG. 4. Ti K-edge XANES spectra (perp polarization) of Ti-doped Cr2O3 films, as well as 
reference standards of TiO2 rutile powder (Ti4+) and a synthetic Ti2O3 single crystal (Ti3+).  
“High O2” refers to 8x10-6 Torr O2, and “low O2” corresponds to 8x10-7 Torr O2.  Inset expands 
the absorption edge region. 
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FIG. 5. (a) Index of refraction (n, left axis) and extinction coefficient (k, right axis) from fitting 
of spectroscopic ellipsometry data for 4900 Å Ti-doped Cr2O3 and 320 Å pure Cr2O3.  (b) Tauc 
plot of absorption coefficient to determine direct bandgap values.  Inset: In situ XPS valence 
band spectra of pure and Ti-doped Cr2O3 films.  Spectra have been normalized to the Cr 3d 
feature at the top of the valence band. 
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FIG. 6.  Resistance as a function of distance between electrodes (transmission line 
measurements) for three sets of electrodes on the 4900 Å thick Cr1.80Ti0.20O3 film.  Sheet 
resistance is proportional to the slope of the least-squares fit (solid line) of the measured 
resistances (symbols).  Top inset: Optical micrograph of interdigitated electrode structure with 7 
μm spacing.  Bottom inset: Two-terminal I-V data collected with interdigitated electrode 
structure using 7 μm electrode spacing on 4400 Å thick pure Cr2O3 film.   
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FIG. 7.  Partial one-electron densities of states (PDOS) for Cr23Ti1O36 calculated with PBEsol+U 
with a Hubbard U parameter of UCr = 3.9 eV, with UTi = 3.9 eV (top) and UTi = 0.0 eV (middle), 
as well as (bottom) B3LYP hybrid functionals. All PDOS have been broadened by a Gaussian of 
FWHM = 0.1 eV. 
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FIG. 8.  Calculated defect formation energies as a function of oxygen activity (ΔμO), with respect 
to the O2 molecule (a) and two O atoms (b).  Results for m = 0, 1 (x = 0.042), and 2 (0.083) Ti 
dopants are shown.  (c) Calculated on-site potential of Ti dopants as a function of atomic (Bader) 
charge, which is related to the valence charge state of the Ti dopant.  Lighter colored symbols 
represent less energetically-favorable defect configurations.  (d) Boltzmann distribution of on-
site electrostatic potentials, broadened with Gaussians of FWHM = 0.25 eV. 
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