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The presence of stacking fault tetrahedra (SFTs) in face-centered cubic metals substantially mod-
ifies the material response to external loading. These defects are extremely stable with increasing
energetic stability as they grow in size. At the sizes visible within a transmission electron mi-
croscope, they appear nearly immobile. We have recently shown that these defects might indeed
migrate, with defective SFTs exhibiting particularly high mobilities. In this paper, using molecu-
lar dynamics, we show how mobile SFTs interact with various types of extended defects, including
free surfaces, dislocations and interfaces in Cu and Cu-Nb systems. We observe a direct relation
between the energetics of a single vacancy interacting with each external defect and the propensity
for the SFT to be absorbed. Finally, using mesoscale modeling, we show how the fact that SFTs
can migrate influences the system evolution and potentially important observables of interest such
as the void denuded zones around defect sinks.
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I. INTRODUCTION

Stacking fault tetrahedra (SFTs) present a significant
source of hardening in structural face-centered cubic (fcc)
metals1,2 as they interact with dislocations and hinder
their motion3–10. SFTs might be produced by a variety
of processes such as heavy plastic deformation11, quench-
ing from temperatures close to the melting point12,13
or via irradiation14–17. From a dislocation viewpoint,
SFTs consist of a set of stair-rod dislocations at the
edges of a tetrahedron. These stair-rods are predicted
to be immobile18, and therefore, the SFTs are commonly
thought to be an immobile defect. Even for the smallest
of vacancy clusters, containing as few as six vacancies,
molecular dynamics (MD) simulations predict that the
SFT structure is the most stable configuration. Thus,
with the exception of vacancy clusters containing less
than six vacancies19, large vacancy clusters that univer-
sally adopt the SFT structure have been assumed to be
essentially immobile.

We recently showed that, despite their large stability,
SFTs are indeed mobile defects, even faster than single
vacancies for small sizes (∼ 12 vacancies)20. We observed
that defective SFTs (with a number of vacancies different
from a perfect triangular Frank loop) can migrate with
a diffusion coefficient orders of magnitude larger than
perfect SFTs. Migration of SFTs brings up the possibil-
ity of the direct interaction of SFTs with microstructural
defects such as free surfaces, dislocations or grain bound-
aries and interfaces. That is, in contrast to earlier studies
in which mobile defects such as dislocations were exam-
ined in the presence of immobile SFTs, our recent results
indicate that the SFTs themselves are mobile and should
not be regarded only as obstacles.

This work focuses on the analysis of these interactions

and their possible outcomes. To this end, MD simula-
tions have been performed on systems containing dif-
ferent types of extended defects. We study the inter-
action of SFTs with {110}, {111} and {112} free sur-
faces in single phase Cu, which are of interest in irradi-
ated nano-foams as they are the dominant sinks in those
types of materials21,22. We also analyze the interaction
of SFTs with edge and screw dislocations in single phase
Cu, which dissociate into Shockley partials bounding a
stacking fault ribbon. We study homo-phase interfaces
in single phase Cu and hetero-phase interfaces in Cu-Nb
nanocomposites as these types of interfaces have been ex-
amined for their potential utility as sinks for radiation-
induced defects23,24. More specifically, in single phase Cu
we investigate the reaction of SFTs with a Σ3 twin, Σ5
twist, asymmetric Σ11 tilt, 2◦ {111} twist and 4◦ {100}
twist boundaries, which represent different densities and
patterns of misfit structures and dissimilar interactions
with mono-vacancies. In the Cu-Nb alloy we study the
interaction of SFTs with Kurdjumov-Sachs (KS) hetero-
phase interfaces with orientations similar to those synthe-
sized experimentally by physical vapor deposition (PVD)
and accumulative roll bonding (ARB) techniques25. Fi-
nally, having established that there are indeed strong in-
teractions between mobile SFTs and these various mi-
crostructural features, we study the implications of this
interaction on a macroscopic observable using an object
kinetic Monte Carlo approach, finding substantial differ-
ences in the predicted microstructure as a consequence of
the high SFT mobility. In particular, we find that the ex-
tent of void denuded zones is sensitive to the mobility of
SFTs, and that the predicted response to irradiation re-
quires an accounting of the mobilities of these ubiquitous
defects.
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TABLE I: Dimensions, number of atoms (before
introduction of SFTs) and SFT sizes of the MD samples
for the various extended defect configurations examined

in this study.

Boundary Dimensions (nm) Atoms SFT

{111} Surface 3.8× 3.1× 3.5 3,456 12V/18V

{110} Surface id id id

{112} Surface id id id

edge dislocation 8.8× 20.4× 18.7 286,200 12V

screw dislocation 26.7× 20.5× 13.2 691,200 12V

AΣ11 tilt 8.9× 7.2× 16.9 88, 704 12V/18V

4◦{100} twist 12.4× 12.4× 25.1 314, 704 12V/18V

Σ5 twist 5.8× 5.8× 7.4 20, 000 12V/18V

2◦{111} twist 15.5× 8.9× 22.1 252, 210 12V

SΣ11 tilt 8.5× 9.2× 14.4 95, 040 12V

Σ3 6.3× 5.2× 17.7 47, 040 12V/18V

PVD KS 15.5× 15.5× 15.1 249, 696 12V/18V

ARB KS 9.8× 8.1× 7.6 41, 172 12V

II. METHODOLOGY

Table I summarizes the various simulations performed,
providing the dimensions, number of atoms and sizes of
the SFTs in the MD samples used in this work. The orien-
tation relationships that describe the different interfaces
can be found in Refs. 25,26. The MD code LAMMPS27
is used with the Mishin et al. embedded atom method
(EAM) potential for Cu28 and the Zhang et al. EAM po-
tential for Cu-Nb29. The calculations are performed in
the NPT ensemble with fully periodic boundary condi-
tions, Berendsen barostat at 0 MPa, and Langevin ther-
mostat at 700 K, which alleviates the MD time constraint
problem as the defect mobilities at this temperature are
significant20. SFTs are created by removing a triangular
region of atoms as far as possible from the surface, dislo-
cation or interface examined, with extra sites removed to
form a defective SFT (and thus increase their mobility).
Upon relaxation with a conjugate gradient method, the
SFT is formed. For some of the extended defect struc-
tures, two different SFT sizes are tested in this work, 12
and 18 vacancies (12V and 18V respectively), that are
characterized by high mobilities20. It is worth remarking
that the final configurations observed in this study are
constrained to the MD time scale limitation and further
reactions might take place on a longer time scale that we
are not able to capture here. The software OVITO30 was
used for visualization and a common neighbor analysis
to identify the crystalline structure of the atoms31.

a) b)

c) d)

e) f)
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FIG. 1: (Color online) 12V-SFT interacting with (a)
and (b) a {110}; (c) and (d) a {111}; and (e) and (f) a
{112} free surfaces in single phase Cu. Atoms are

colored according to their structure (as determined by a
common neighbor analysis), hcp as red, bcc as blue and
unknown structure as white; fcc atoms are not shown
for clarity. In (a), (c), and (e), the configuration as the
SFT first directly interacts with the surface is provided,
while the configuration after full absorption of the SFT
by each surface is provided in (b), (d) and (f). The
perspective is from inside the material, viewing the

surface from within.

III. RESULTS

A. Free surfaces

Three free surfaces have been studied, the {110}, {111}
and {112}. In all three cases we observed, as the SFT
migrated toward the surface, the full absorption of the
SFT, as shown in Fig. 1, where the structures at the first
interaction and after the subsequent absorption are pre-
sented. The figure shows the results for the 12V-SFT,
although the process is similar for the 18V-SFT, with
full removal of the SFT. Despite the fact that the SFT
is finally fully absorbed, it is worth noting that there is
an energetic barrier for the vacancy cluster to reach the
sink. We observe parallel diffusion of the SFT with re-
spect to the surface. That is, for much of the simulation,
the SFT’s migration is confined to dimensions perpen-
dicular to the surface normal. In this respect, not all the
surfaces act exactly the same way, with the {112} surface
presenting the lowest barrier, followed by the {110} and
lastly the {111}, which has the highest barrier. These
results have implications in the field of nano-porous ma-
terials under irradiation, where the formation of SFTs
have been observed experimentally. The possibility of
annihilation of SFTs at surfaces would lead to a reduc-
tion of defect (dislocation obstacles) concentrations, and
therefore a decrease in hardening.



3

a) b)
edge screw

FIG. 2: (Color online) Resulting configuration after the
interaction of a 12V-SFT with (a) an edge dislocation

and (b) a screw dislocation in single phase Cu.
Dislocations are split into Shockley partials bounding a
stacking fault ribbon. The color coding is the same as

in Fig. 1.

B. Single dislocations

Concerning single dislocations, much work has been
devoted to the study of the interaction of mobile disloca-
tions with sessile SFTs under applied stress2,7–10,32–40. In
this work we focus on the interaction, at elevated temper-
ature, between defective mobile SFTs and edge and screw
dislocations, which are dissociated into Shockley partials
bounding a stacking fault ribbon. At this temperature,
both dislocations and SFTs are mobile. Dislocations
are in the phonon-drag regime, substantially above the
Peierls barrier, with their movement constrained to the
glide plane. The SFTs move in a thermally activated
fashion, following a 3D random walk (as opposed to the
constrained pseudo-2D behavior seen near the interfaces).
Figure 2 shows the resulting configuration for the interac-
tion on a 12V-SFT with the dislocations (the 18V-SFT-
dislocation interaction results in a similar structure). In
both cases, the interaction is attractive. In the case of the
edge dislocation, the vacancies of the SFT are absorbed
by one of the Shockley partials resulting in a localized jog
at the partial dislocation, i.e. the jog does not extend
through the stacking fault to reach the second Shock-
ley partial. We do not observe pinning of the disloca-
tion after the climbing process, and the dislocation keeps
moving thermally (without any applied stress) as prior
to the reaction. For the screw, the vacancies within the
SFT were not absorbed by the Shockley partial, although
the SFT attached to the dislocation; again no pinning
was observed and the thermal behavior of the disloca-
tion remained unchanged after the interaction, with the
resulting extended defect (dislocation+SFT) migrating
as a whole.

C. Homophase interfaces

Homophase interfaces, i.e., grain boundaries, have
been extensively studied in the context of radiation dam-
age for their potential use as sinks to mitigate radiation
damage accumulation23,24,41. An important factor deter-
mining the sink efficiency of these interfaces is the inter-
action of defects with individual interfacial planes. Here

a) b)

c) d)

FIG. 3: (Color online) (a)-(b) 12V-SFT and (c)-(d)
18V-SFT interacting with an asymmetric Σ11 tilt grain
boundary in Cu. (a) and (c) show the initial interaction
of the SFT with the boundary while (b) and (d) display
the final configuration, after the SFT has been absorbed
by the boundary. The color coding is the same as in

Fig. 1.

we analyze a subset of boundaries and their interaction
with mobile SFTs to determine how these more compli-
cated extended defects interact with the boundaries and
thus contribute to their sink properties. Figure 3 shows
the interaction of a 12V-SFT and a 18V-SFT with an
asymmetric Σ11 tilt grain boundary. This interface26 is
characterized by a set of Shockley partials (b= 1

2{112})
extending out of one side of the boundary, as shown in the
figure. Figures 3a and c present the initial interaction be-
tween the 12V- and 18V-SFTs and the interface, respec-
tively. For the 12V-SFT it can be readily seen that the
SFT attracts one of the Shockley partials, pulling it out
of the interface so that it reacts with one of the stair-rods
(b= 1

6{110}) at the edge of the SFT. For the 18V-SFT,
the first reaction takes place between a Shockley partial
at the boundary and one apex of the distorted SFT, and
because of core overlap, cannot be rationalized in terms
of dislocation reactions. The final configurations of the
system after absorption of the SFT into the boundary
are shown in Figs. 3b and d, where little-to-none of the
original SFT structure can be distinguished. The final
configuration will be further analyzed and discussed in
Section IV.

For the case of the Σ5 twist grain boundary, shown
in Fig. 4, both the 12V-SFT and 18V-SFT are absorbed
at the interface leaving no debris behind, similar to what
was observed for the asymmetric Σ11 tilt boundary. This
interface cannot be characterized in terms of misfit dis-
locations since the misfit dislocation cores overlap sig-
nificantly and individual discrete dislocations cannot be
distinguished. However, this type of interface presents
a large attraction for vacancies since it presents a very
flexible atomic structure.

We also studied the interaction of a 12V-SFT and a
18V-SFT with a low angle 4◦ {100} twist boundary in
Cu (see Fig. 5). In contrast to the Σ5 twist, the struc-
ture of this low-angle twist boundary is characterized by
a regular square array of misfit dislocations with 〈110〉
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a) b)
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FIG. 4: (Color online) (a)-(b) 12V-SFT and (c)-(d)
18V-SFT interacting with a Σ5 twist grain boundary in
Cu. (a) and (c) show the initial interaction while (b)

and (d) display the final configuration after absorption.
The interface is colored according to σxx on each atom
calculated with the virial theorem while the SFT is
colored according to the atomic structure (hcp and

unknown coordination as red and white, respectively).

a) b)

c) d)

FIG. 5: (Color online) (a)-(b) 12V-SFT and (c)-(d)
18V-SFT interacting with a 4◦ {100} twist boundary in
Cu. (a) and (c) show the initial interaction of the SFT
with the boundary while (b) and (d) show the final

configuration after absorption. The color coding is the
same as in Fig. 1.

Burgers vector, that dissociate in the {111} planes into
Shockley partials forming constrictions between the mis-
fit dislocation intersections (MDIs)42. We have shown
previously (see Ref. 42) that the preferential sites for va-
cancies lie at the MDIs, with the Shockley partials also
being favorable positions. As the SFT reaches this inter-
face, it reacts with one Shockley and becomes absorbed
and subsequently migrates (along the dislocation core)
to an MDI. In both cases, 12V and 18V, we observe the
subsequent climbing of the MDI due to the absorption of
vacancies associated with the SFTs.

The interaction of a 12V-SFT and a 2◦ {111} twist
boundary is presented in Fig. 6. This interface, with a
{111} habit plane, is formed by a set of Shockley par-
tials bounding stacking fault regions and fully coherent
regions. The first reaction of the SFT with this bound-
ary, as the SFT migrates through the sample, takes place

a) b)

FIG. 6: (Color online) Interaction of a 12V-SFT with a
2◦ {111} twist boundary in Cu. (a) Initial interaction;
(b) Final configuration. The color coding is the same as

in Fig. 1.

FIG. 7: (Color online) Final configuration of a
12V-SFT interacting with a Σ11 tilt boundary in Cu.

The color coding is the same as in Fig. 4.

between a Shockley partial and a stair-rod from the SFT
(Fig. 6a). As presented in a previous study43, the for-
mation energy of a single vacancy is lowest at the MDIs,
as it was for the 4◦ {100} twist boundary. We note that
once the reaction takes place at the dislocation, the de-
fect migrates until it reaches one MDI, where it remains
for the rest of the calculation, a consequence of the low
vacancy formation energy there, a point we will elaborate
on below. In contrast to the previous boundaries studied,
in this case the SFT is not fully absorbed but a remnant
is left at the MDI, where the stair-rod dislocations form-
ing the initial SFT are still distinguishable. Thus, in this
case, the SFT, while still existing as an identifiable entity,
is trapped at the interface, which essentially retains its
structure. It is interesting that, at both low-angle twist
boundaries, the SFT migrates along the dislocations un-
til it reaches an MDI, but in the cases of the isolated
dislocations, the dislocation-SFT complex as a whole mi-
grated. This is possibly the consequence of the relatively
high mobility of the dislocation when it is isolated as
compared to when it is part of a network of dislocations.

Figure 7 illustrates the interaction between the sym-
metric Σ11 tilt boundary and a 12V-SFT. As for the Σ5
twist, the interface cannot be described in terms of mis-
fit dislocations. The atoms belonging to the interface are
characterized in terms of their atomic structure and those
that do not have an fcc coordination are highlighted. The
interaction is attractive and the SFT attaches to the in-
terface, but is not fully absorbed, and the structure of
the SFT remains distinct from the interface.

Finally, we analyzed the interaction of both a 12V-
SFT and a 18V-SFT with a Σ3 twin boundary, possibly
the simplest type of boundary that can be formed in fcc
materials. In this boundary, no misfit dislocations are
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FIG. 8: (Color online) 12V-SFT interacting with a Σ3
twin boundary in Cu. The color coding is the same as

in Fig. 1.

present and the atomic distortion is minimal, which leads
to an essentially negligible interface-vacancy interaction.
Figure 8 shows the interaction of the 12V-SFT with the
interface. For both SFT sizes we observe that, while the
boundary does not absorb the SFT, it does act as a bar-
rier for SFT migration, confining the defects to one side
of the boundary. The figure displays the closest the SFT
comes to penetrating the interface. The different orienta-
tion of the grains on each side of the boundary prevents
the crossing of the SFT, while the minimal ability of this
boundary to attract single vacancies hinders absorption.
Thus, in contrast to the other boundaries, this interface
does not act as a sink for SFTs but rather an obstacle.

D. Heterophase interfaces

Figure 9 shows the interaction of a 12V-SFT and
a 18V-SFT with a PVD KS heterophase interface.
The system contains two heterophase interfaces with a
Kurdjumov-Sachs (KS) orientation relationship such that
the interface plane is {111}fcc || {110}bcc, and within
the interface plane, 〈110〉fcc || 〈111〉bcc. Each layer has
a thickness of 7.5 nm. The orientation in the Cu layer
is given by x = [112̄], y = [1̄10] and z = [111]. This in-
terface is characterized by two sets of misfit dislocations,
which confer remarkable properties to the system both
under irradiation and deformation44–46. MDIs are pref-
erential sites for vacancy accumulation, as the vacancy
formation energy is lower at those sites44,47. Figures 9a
and c highlight the first contact between the migrating
SFT and the interface for a 12V-SFT and a 18V-SFT
respectively. We observe that the SFT reacts with the
interface close to one MDI (dark blue regions). Both
SFTs are attracted to the interface, ultimately becoming
absorbed. Figures 9b and d present the structure after
absorption as obtained by the MD simulations, display-
ing certain remnants of the SFT interspersed within the
interface. Although the debris seems to be fairly stable
(on MD timescales), the SFT structure becomes totally
disrupted, which seems to indicate that the interface be-
haves as a sink for the SFTs.

We have also studied the interaction of a 12V-SFT
with an ARB KS interface (Fig. 10). The system was

a) b)

c) d)

c) d)

FIG. 9: (Color online) (a)-(b) Interaction of a
12V-SFT with a KS1 hetero-interface in Cu-Nb. (a)
shows the first reaction and (b) the final interface

configuration. (c)-(d) Interaction of a 18V-SFT with a
KS1 hetero-interface: (c) shows the first reaction and

(d) the final configuration. The color coding is the same
as in Fig. 4. The dark blue regions correspond to the
locations of the MDIs within the interface. In this

perspective, the view is from inside Cu, looking down
on the interfacial plane.

a) b)

FIG. 10: (Color online) 12V-SFT interaction with an
ARB KS hetero-interface in Cu-Nb. (a) shows the

initial interaction and (b) illustrates the final interface
configuration after the SFT has been absorbed. The

color coding is the same as in Fig. 4.

built with an orientation relationship given by {112}fcc
|| {112}bcc and within the interface plane, 〈110〉fcc ||
〈111〉bcc, which is a KS interface with a {112} habit
plane. The interface in this case is also characterized
in terms of dislocations. While their structure is more
convoluted than for the PVD KS interface, the Burgers
vectors can be obtained following a disregistry analysis25.
Upon reaching the interface, the SFT reacts with the
interface and it is completely absorbed, with no debris
observed in the final configuration (Fig. 10b).

IV. DISCUSSION

The MD results reveal that the interaction of SFTs
with various microstructural defects varies as a function
of structure of those extended defects. In some cases,
SFTs are completely absorbed. In others, they are only
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partially absorbed. Finally, in the case of the Σ3 twin,
the SFT is not absorbed at all. To understand the origins
of these differences in behavior, we analyze the funda-
mental properties associated with each extended defect.

The interaction energy of a single vacancy with the
various surfaces, dislocations and interfaces examined is
shown in Table II. We have also calculated the Voronoi
volume of the atoms at the interface. We have defined
the atoms at the interface as those that do not belong to
the bulk, being neither bcc nor fcc structures according
to a common neighbor analysis30 (note that the defini-
tion of the Voronoi volume breaks down for the surface
atoms). The goal of this analysis is to identify correla-
tions between the basic properties of the extended defect
(free surfaces, dislocations and interfaces) and the ab-
sorption mechanism of SFTs at each sink. Further, in
the case of single vacancies, we have previously found
correlations between the formation energy and Voronoi
volume at grain boundaries48. The interaction energy is
defined as

Eint
V−B = Edefect

V − Ebulk
V (1)

where Edefect
V is the energy of the system with the va-

cancy at the surface, dislocation or interface and Ebulk
V is

the energy of the system with the vacancy far from those
extended defects, all calculated at zero pressure. With
this definition, the more negative the value, the greater
the attraction. For each extended defect structure, a set
of representative atoms near and at the structure was se-
lected and each atom was removed (i.e. replaced by a
vacancy), one atom at a time and each time the energy
of the relaxed system was calculated. In Table II, we
report the energy of the lowest energy structure found,
compared to the bulk value, which was obtained by re-
moving an atom located as far as possible from the in-
terface in our simulation cells and relaxing the system.

As reported in Table II, for the free surfaces, the attrac-
tive interaction is high, which leads to a full absorption
of the SFTs. In the case of dissociated dislocations the
interaction energy is about -0.25 eV, which leads to an at-
traction between the SFT and the dislocation cores with
partial absorption. For the homophase interfaces, the
more attractive the interaction, the higher the propen-
sity for absorption of the SFT. For values between -0.54
and -0.5 eV, corresponding to the asymmetric Σ11 tilt,
{100} twist and Σ5 twist, the SFT was fully absorbed.
For weaker interaction energies, ranging from -0.4 to -0.2
eV ({111} twist and symmetric Σ11 tilt), the SFT was
partially absorbed. For the case where no interaction
energy exists (Σ3 boundary), the SFT remained fully
structured when interacting with the interface with no
appreciable interaction. However, it remains constrained
within the layers between the boundaries (as we have
periodic boundary conditions in all directions), i.e., the
probability for the SFT to cross the interface is low, likely
due to the change in crystal orientation. Thus, in this
case, because the interaction is low, the boundary can-

not absorb the SFT, but neither can the SFT cross the
boundary, which acts as an obstacle. This observation is
compatible with experimental evidences49,50 that show
that smaller twin spacing leads to fewer SFTs, since the
probability of recombination of interstitials and SFTs in-
creases. However, we did not observe full absorption of
SFTs in the coherent twist boundary, as reported in the
experiments. One possible explanation is the difference
in time scales, with experiments going over 5 s. A second
explanation is the possibility of defected interfaces, with
the presence of interstitial loops that we do not consider
here.

These results indicate a direct correlation between the
single vacancy interaction energy and the propensity for
the extended defect to absorb SFTs. We are aware that
the set of data presented in this work is not exhaustive
and this analysis might change if more interface struc-
tures were considered. However, this correlation makes
physical sense. If the single vacancy is strongly attracted
to the extended defect, then it can easily absorb vacan-
cies, which are the defects that comprise the SFT. In
contrast, if the extended defect cannot absorb even single
vacancies, it will not be able to absorb the large collection
of vacancies that is the SFT. This analysis neglects the
fact that the extended defect might saturate when trying
to absorb a large collection of vacancies (and this does
seem to be a factor, as seen for the 2o twist boundary).
Further, the distribution of low energy sites for vacan-
cies at the extended defect may play a role in how the
vacancies of the SFT are absorbed. However, the ener-
getics of single vacancies does provide an indication of
the propensity for the interface to absorb SFTs.

For the cases of heterophase interfaces, we observe a
similar trend. The interaction energy for a single vacancy
with both interfaces is highly attractive and in both cases
the SFTs were fully absorbed (with some remnants at the
PVD KS). In the case of the PVD KS interface, the ther-
modynamic force is lower and some delocalized debris is
still distinguishable at the misfit dislocation intersections
at the interface, possibly a consequence of the more dis-
tributed nature of the MDIs and, consequently, the low
energy sites for vacancies. On the other hand, in the case
of the ARB KS interface, which exhibits a stronger inter-
action with mono-vacancies, the SFT becomes fully ab-
sorbed. These results support the hypothesis of a direct
correlation between the single vacancy interaction energy
and the capacity of the boundary to absorb SFTs.

While the maximum atomic volume at the interface
does not seem to correlate directly with the SFT-interface
interaction (see Table II); the minimum atomic volume
shows a direct trend. The sites at the interface with min-
imum atomic volume are usually under compression and
therefore the vacancy tends to sit on those sites since it
reduces the elastic energy. The variation in the elastic
energy is part of the total interaction energy, and there-
fore, there is a relation between the atomic volume and
the vacancy interaction energy. Our results show that the
lower the minimum atomic volume the higher propensity
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TABLE II: Properties of extended defects as they relate
to the interaction with SFTs: vacancy interaction

energy with different extended defects in single phase
Cu and Cu-Nb, and maximum (Ωmax) and minimum
(Ωmin) atomic volume at the interface. The SFT

column indicates if in the final configuration the SFT
has been fully absorbed (FA), partially absorbed (PA)

or not absorbed (NA).

Boundary EInt
V−B (eV) Ωmax (Å3) Ωmin(Å3) SFT

{111} Surface -0.51 - - FA

{110} Surface -0.98 - - FA

{112} Surface -1.00 - - FA

edge dislocation -0.25 12.27 11.54 PA

screw dislocation -0.22 12.18 11.67 PA

AΣ11 tilt -0.54 13.35 11.36 FA

{100} twist -0.53 12.28 11.61 FA

Σ5 twist -0.5 13.42 11.65 FA

{111} twist -0.4 12.41 11.7 PA

SΣ11 tilt -0.2 12.55 11.75 PA

Σ3 0 11.81 11.81 NA

PVD KS -0.69 19.55 11.20 FA

ARB KS -0.81 19.02 11.13 FA

of SFT absorption at the interface. This is the case for
the dislocations and both homo-phase and hetero-phase
interfaces.

It is important to note that the fact that the interface
properties might be negligibly affected by the interac-
tion with the SFT will have consequences in the long-
term behavior of the system, as the sink properties of
the extended defect will persist for a longer period of
time. For the surfaces and interfaces in which the SFT
is fully absorbed, the sink efficiency (defined as the flux
of defects toward the interface relative to the flux of de-
fects to an ideal sink) is close to one. We have not stud-
ied the saturation properties of the extended defects as
SFTs accumulate, but we hypothesize that an easy ab-
sorption leads to better sink efficiencies, and likely, these
better sink efficiencies will last further in time. Further,
in an irradiation context, features such as dislocations,
grain boundaries, and hetero-phase interfaces have been
shown to preferentially absorb interstitials during col-
lision cascades41,51 and the resulting damaged state of
these features leads to stronger interactions with single
vacancies. This suggests that the interaction of SFTs
with, for example, interfaces will be even stronger than
indicated in the present simulations and that, especially
during irradiation, the combined interaction of SFTs and
damaged (interstitial loaded) interfaces will lead to en-
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FIG. 11: (Color online) Analysis of the atomic
displacement before and after the interaction of a

12V-SFT with the (a) asymmetric Σ11 tilt, (b) CuNb
KS1, and (c) ARB KS interfaces. Blue particles

represent vacancies while purple describes
"interstitial-like" particles before the interaction. Green
particles represent vacancies and red "interstitial-like"
particles after the interaction. These are identified via a

lattice-reference method in which the structure is
compared before and after the reaction. In (a) gray
atoms belong to unknown structure and black to hcp.
In (b) and (c) gray and black atoms are Cu and Nb,
respectively, belonging to the interface. The maps in

the insets show the vacancy-interface interaction energy
with the pristine interface.

hanced recombination of radiation-induced defects than
if these interactions were not present.

To obtain a deeper understanding of the structural re-
configuration of the combined SFT-interface system, we
have analyzed the atomic displacements related to the
configuration prior to the interaction in three case:, the
asymmetric Σ11 tilt, PVD KS and ARB KS interfaces.
The results are presented in Fig. 11 with blue and pur-
ple atoms representing vacancies and interstitial atoms
before the reaction and green and red particles charac-
terizing vacancies and interstitials after the interaction.
(Note that in this lattice-reference scheme, an SFT is
represented by a collection of vacancies and interstitials).
For the asymmetric Σ11 tilt grain boundary, the gray and
black atoms are in unknown and hcp structures, respec-
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tively, according to a common neighbor analysis30, and
we note that the extra vacancies transported by the SFT
to the interface align along the Shockley partial disloca-
tion lines. In the heterophase cases, gray and black atoms
represent Cu and Nb, respectively, at the interface. For
the PVD KS interface, the extra vacancies are distributed
among contiguous MDIs. On the other hand, in the case
of the ARB KS, the extra vacancies are fully delocal-
ized, distributing across the interface, and also becoming
aligned with the misfit dislocation cores. This seems to
be a consequence of the distribution of sites with lower
vacancy formation energy, as shown in the insets. In the
case of the PVD KS interface the sites are localized close
to the MDIs. In turn, for the ARB KS and asymmetric
Σ11 interfaces, the sites are more aligned with the dis-
location cores. Therefore, the final microstructure seems
to be related to the sites where the vacancy formation
energy is lower.

Finally, to comprehend the implications of the mobility
of SFTs and their possible absorption at different inter-
faces on larger scale observables, we have simulated the
evolution of a system under irradiation at a dose rate
of 5.5 10−4 dpa/s at 700 K for 1 s using an object ki-
netic Monte Carlo (OKMC) approach as implemented
in MMonCa52. Our simulation box has dimensions of
50×50×200 nm with absorbing boundary conditions in
the z direction and periodic in the other two, mimicking
the presence of interfaces with the capacity of fully ab-
sorbing the SFTs. We suppose that the self-interstitials
immediately disappear at the sinks and we have not ex-
plicitly simulated them. We have calculated the diffusivi-
ties for vacancy clusters up to a size of nine at 700 K using
MD, with the values shown in Table III. It is worth not-
ing the large vacancy binding energy of the pentavacancy
cluster and its low mobility, probably due to its compact
ground state configuration. This is in agreement with
previous studies carried out in Al53. For the case where
we have considered SFTs as mobile entities we have set
the mobilities to DD

SFT = 8.1 10−8 exp (−0.092 s), as ob-
tained in Ref. 20, where s is the size of the SFT (in terms
of the number of vacancies). For the sessile case, vacancy
clusters larger than four were considered immobile, as
has been traditionally done in the literature54. We have
calculated the binding energies of single vacancies to va-
cancy clusters up to a size of nine. For larger clusters,
we have taken the binding energy laws from the literature
(Ref. 54) such that we consider vacancy emission effects.
While some of the assumptions behind these choices in
parameters are not fully justified, the main goal of the
OKMC simulations is to study the global implications
of glissile SFTs on mesoscopic observables and therefore
the used parameters should be sufficient for that purpose.
Figure 12 shows the main results of the simulations. We
observe that in the case where the SFTs are considered
mobile, the amount of clusters larger than ten vacancies
in the system is lower compared to the case in which the
SFTs are immobile. For the mobile case we found 24
clusters larger than ten vacancies versus 33 in the im-

TABLE III: Diffusion coefficient (D) at 700 K and
single vacancy binding energy (Ebind) depending on the

vacancy cluster size.

cluster size D ( cm2

s
) Ebind (eV)

1 1.25 10−8 -

2 1.822 10−8 -0.143

3 8.056 10−8 -0.286

4 3.55 10−8 -0.134

5 1.561 10−10 -0.439

6 2.720 10−8 -0.288

7 2.218 10−8 -0.136

8 1.34510−8 -0.433

9 1.86710−9 -0.444

mobile case, with an average cluster size of 418.42 and
447.21 vacancies per cluster, respectively. Large clusters
are less likely to form when small and intermediate-sized
SFTs are able to diffuse since they may reach the inter-
face, where they are annihilated. In contrast, if the SFTs
are immobile, they are not able to escape to sinks and
will thus act as sinks themselves for smaller vacancy clus-
ters and, consequently, grow. This implies that a larger
denuded zone, especially for larger clusters, will be found
in the case of mobile defects.

V. CONCLUSIONS

In summary, we have analyzed the interaction of mo-
bile SFTs with different types of extended defects: free
surfaces, dislocations and interfaces in single phase Cu
and Cu-Nb nanolaminates. The mobility of the small-
to-intermediate sized SFTs allows for the possibility of
their diffusion towards sinks. We have shown how the
probability of absorption of SFTs at the studied ex-
tended defects correlates with the single vacancy inter-
action energy: the more attractive the interaction the
more probable is the complete absorption of the cluster.
This easy-to-calculate quantity depends strongly on the
atomic structure of these extended defects, which sug-
gests the possibility of tailoring the atomic structure to
improve the sink properties of the material. We have also
examined the mesoscopic implications of the SFT mobil-
ity and annihilation of the SFTs at planar sinks via object
kinetic Monte Carlo simulations. We have observed that
the defect distribution differs substantially when consid-
ering these defects as mobile versus sessile entities and
that the cluster sizes are larger when defects are immo-
bile, which has implications in mesoscopic observables
like void denuded zones, with a larger width in the cases
where the defects can migrate.
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FIG. 12: (Color online) Single
vacancies (brown) and vacancy

clusters (blue) found from OKMC
simulations considering vacancy

clusters (SFTs) as (a) sessile or (b)
glissile (b) at 700 K and a dose rate

of 5.5 10−4 dpa/s after 1 s. (c)
shows the distribution of single

vacancies and (d) the distribution of
vacancies in clusters for both cases.

L denotes the dimension
perpendicular to the interfaces.
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