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Abstract 

Phase transformations induced in the cubic C-type lanthanide sesquioxides, Ln2O3 (Ln = Sm, 

Gd, Ho, Tm, and Lu), by dense electronic excitation are investigated. The structural 

modifications resulting from exposure to beams of 185 MeV Xe and 2246 MeV Au ions are 

characterized using synchrotron x-ray diffraction and Raman spectroscopy. The formation of a 

B-type polymorph, an X-type non-equilibrium phase, and an amorphous phase are observed. The 

specific phase formed and the transformation rate show dependence on the material composition, 

as well as the ion beam mass and energy. Atomistic mechanisms for these transformations are 

determined, indicating that formation of the B-type phase results from the production of anti-

Frenkel defects and the aggregation of anion vacancies into planar clusters, whereas formation of 

the X-type and amorphous phases require extensive displacement of both anions and cations. The 

observed variations in phase behavior with changing lanthanide ionic radius and deposited 

electronic energy density are related to the energetics of these transformation mechanisms. 

 

I. INTRODUCTION 

 Ions of high velocity, known as swift heavy ions and possessing specific energies above 

~1 MeV/u, interact with insulating materials by exciting nearby core and valence electrons to the 

conduction band. This dense electronic excitation occurs over a few femtoseconds and produces 

a cylindrical region along the path of the energetic ion, typically a few hundred nanometers in 

diameter, within which a high temperature electron-hole plasma coexists with a relatively low 

temperature solid composed of ionized atoms1–3. Resulting electron temperatures near the core of 

this region, generally within a few nanometers of the ion path, are typically ~104 K, such that the 

state of this ion-solid interaction volume can be considered warm dense matter4,5. The excitation 
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of electrons from bonding valence orbitals to antibonding conduction band orbitals modifies 

atomic interactions and weakens bonds. After thermalization of this electron cascade, electron-

hole recombination moves the electronic and atomic subsystems towards equilibrium. When this 

occurs through non-radiative recombination, emitted phonons locally heat the material, 

producing a thermal spike3. Similarly, electron relaxation can cause the formation of self-trapped 

excitons, which can subsequently decay to displace atoms6. 

 Typically, energy is transferred from the excited electron-hole cascade to the atomic 

subsystem over a few picoseconds, followed by quenching of the atomic subsystem to ambient 

conditions on the order of 10 picoseconds2. The structural modifications that a material 

undergoes following electronic excitation, caused by modified bonding, heating, and atomic 

displacements, can be retained after quenching due to kinetic limitations on phase recovery. This 

highly transient, nanometric energy deposition can produce unique structural changes in 

insulating materials, including the formation of defects7,8, polymorphic phase transformations9,10, 

amorphization11,12, chemical decomposition13,14, and irreversible deformations15,16. These 

irradiation-induced modifications are useful for the engineering of nanostructures17–20, the 

tailoring of optoelectronic properties21, and the simulation of damage to materials from particles 

of similar mass and energy, such as nuclear fission fragments22 and cosmic rays23. 

 Few studies have investigated the behavior of lanthanide sesquioxides, Ln2O3, under 

these extreme energy deposition conditions. These compounds find use in diverse applications, 

as high-	
  κ dielectrics24,25, nanoparticles for biomedical imaging26, materials for high-power and 

ultrafast lasers 27,28, neutron absorbers in nuclear fuels29, and scintillators for the detection of 

ionizing radiation30,31. Under ambient conditions, most lanthanide sesquioxides adopt a cubic 

(Ia-3) structure characteristic of the mineral bixbyite, (Fe,Mn)2O3, and known within the Ln2O3 
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phase systematics as the C-type phase. This structure is shared by Sc2O3, Mn2O3, Y2O3, In2O3, 

and U2N3. It is a derivative of the fluorite structure (Fm-3m), characteristic of all lanthanide and 

actinide dioxides (LnO2 and AnO2), with a unit cell composed of eight fluorite-like subcells32,33. 

Cations occupy 24d and 8b sites that are close to the cation positions on an ideal fluorite 

sublattice, forming a distorted face-centered cubic arrangement. Anions occupy 48e sites in 

tetrahedrally-coordinated interstices, while one-fourth of these tetrahedral positions, the 16c 

sites, remain vacant in order to accommodate the deviation in stoichiometry from that of fluorite-

structured materials. The anions relax towards these “constitutional vacancies,” so called because 

they are not defects but are rather intrinsic to the C-type structure, producing a distorted, anion-

deficient fluorite-structured sublattice.  

 Two other Ln2O3 phases have been observed at ambient conditions: the trigonal A-type 

(P-3m1) and the monoclinic B-type (C2/m)32–34. The A-type phase forms only for oxides with 

lanthanide cations of low atomic number, while the B-type phase is a high-temperature 

polymorph that forms for oxides of cations near the middle of the lanthanide series and can be 

quenched to ambient temperature. Two additional polymorphs, the hexagonal H-type (P63/mmc) 

and cubic X-type (Im-3m) have been observed only at high temperature32,34–36, with the stability 

of both decreasing across the lanthanide series (i.e. with increasing atomic number). The thermal 

polymorphism of  materials in the Ln2O3 system are strongly influenced by the ionic radii of 

their constituent lanthanide elements, as illustrated in Fig. 1. Because the 4f electron shell, which 

is filled across the series, is highly localized, all lanthanide elements are chemically similar. The 

poor screening provided by f-electrons results in a monotonic decrease of the ionic radius of Ln3+ 

across the series, a behavior known as the lanthanide contraction. Thus, as smaller Ln cations are 

substituted in the sesquioxides, the stability of the A-type phase, with seven-fold cation 
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coordination, decreases. Concomitantly, the B-type phase, with mixed seven- and six-fold 

coordination, and the C-type phase, with six-fold coordination, become more stable33,34. The 

compounds that adopt multiple polymorphic structures generally follow a C-to-B-to-A transition 

pathway with increasing temperature or pressure, with the critical temperatures and pressures for 

these transformations exhibiting inverse proportionality with the lanthanide cation’s ionic 

radius32,33,37–44.  

 Observation of a swift heavy ion irradiation-induced transformation from a C-type to a B-

type structure was first reported by Hémon et al. 10,45 in Y2O3, a material closely related to the 

lanthanide sesquioxides, and has been confirmed by others46,47. Recently, the same 

transformation has been demonstrated in the lanthanide sesquioxide Gd2O3 by Lang et al.48. In 

addition, Tang et al.49–52  and Antic et al.53 have shown evidence of this transformation in Gd2O3, 

Dy2O3, and Er2O3 irradiated with ions of low specific energies (< 5 keV/u), which interact with 

materials through elastic nuclear collisions. These investigations have studied the radiation 

responses of only a small number of materials, yielding little insight into the influence of the 

Ln2O3 phase systematics on their irradiation-induced phase behavior. The gradual variation in 

the polymorphism of oxides across the lanthanide series makes this an ideal system for the study 

of phase transformations induced by dense electronic excitation. Such systematic study is 

particularly relevant to prediction of the behavior of the heavy actinide sesquioxides An2O3 (An 

= Pu-Es). These compounds have localized 5f electrons54, exhibit polymorphism analogous to 

that of the lanthanide sesquioxides55, and are continuously exposed to radiation in the electronic 

energy loss regime due to nuclear decay, yet are difficult to synthesize and handle for direct 

study. Limited data have indicated transformations of C-type Am2O3 and Cm2O3 to high 



6	
  
	
  

temperature polymorphs following self-irradiation with alpha particles of high specific energy56–

58. 

 In this work, lanthanide sesquioxides with compositions spanning the stability range of 

the C-type phase were irradiated with swift heavy ions of differing mass and energy in order to 

systematically characterize their phase behavior under these non-equilibrium conditions and to 

determine its relation to the equilibrium phase systematics of this series. Analysis of the 

dependence of the induced transformations on both the lanthanide ionic radius and the energy 

deposition parameters allowed for the observed phase transformations to be related to the 

production of specific crystallographic defects and accompanying phase transformation 

mechanisms. This yields a basis for prediction and modelling of the radiation responses of 

related materials, as it provides information on the dynamic atomistic processes that such 

materials undergo during and following the transfer of energy from a hot electron-hole plasma to 

a solid. 

 

II. EXPERIMENTAL METHODS 

 Samples were made from powders of Sm2O3, Gd2O3, Ho2O3, Tm2O3, and Lu2O3 with 

typical grain sizes on the order of 1 µm, supplied by Alfa Aesar. They were annealed in air for 24 

hours at 1000 K to remove any water present and to ensure high crystallinity. Holes of 100 µm 

diameter were drilled into 50 µm and 25 µm thick stainless steel sheets by electric discharge 

machining and the powders were uniaxially pressed into these cavities using a hydraulic press 

operating at a pressure of 20 MPa. These sample holders stabilize the compacted powder during 

irradiation, allowing for changes in density without the loss of material. Typical densities of the 

compacted powders were 40-50% theoretical densities of the bulk materials. X-ray diffraction 



7	
  
	
  

(XRD) measurements confirmed that all samples adopted a well-crystallized C-type structure 

prior to irradiation. 

 Irradiations were performed with the UNILAC accelerator at the GSI Helmholtz Centre 

for Heavy Ion Research in Darmstadt, Germany, using 2246 MeV Au ions at the M2 beamline 

and 185 MeV Xe ions at the HLI beamline. All samples were exposed simultaneously to an ion 

beam defocused to approximately 1 cm2. To prevent bulk heating of the samples, the ion flux 

was maintained below 2 × 109 ions cm-2 s-1 for the Au beam and below 4 × 109 ions cm-2 s-1 for 

the Xe beam. Identical sets of samples were irradiated to various ion fluences, Φ, ranging from 5 

× 1010 ions cm-2 to 5 × 1013 ions cm-2, with typical fluence uncertainties of ~10%. Accounting for 

the different energies of the two ion beams, and therefore their different ranges in the material as 

calculated with the SRIM code59, 50 µm thick samples were used in conjunction with the Au 

irradiations, and 25 µm thick samples were used in conjunction with the Xe irradiations. This 

ensured that all ions passed completely through the samples and that the ion end-of-range region, 

in which nuclear collisions dominate the transfer of energy to the material, was excluded. In this 

way, the effects of electronic excitation were isolated. 

 After irradiation, the long-range structures of the samples were characterized using angle-

dispersive micro-beam x-ray diffraction at beamline X17C of the National Synchrotron Light 

Source at Brookhaven National Laboratory. A monochromatic beam of wavelength λ = 0.4082 Å 

was used, selected using a	
  sagittally-bent Laue monochromator and calibrated with a CeO2 

standard. Measurements were collected in transmission geometry, with the x-ray beam parallel to 

the axis of ion beam irradiation, such that the entire length of the ion tracks was probed. Debye 

rings diffracted from each sample were recorded for 300 s on a Mar CCD detector. The resulting 



8	
  
	
  

two-dimensional diffraction patterns were integrated in the azimuthal direction with the software 

FIT2D60.  

 Rietveld refinement61 of the diffractograms was performed with the FullProf program62 to 

characterize irradiation-induced phase transformations and to determine phase fractions of all 

crystalline phases as a function of ion fluence. A pseudo-Voigt peak profile function was used in 

simulation of the patterns to model both Gaussian and Lorentzian character of the diffraction 

maxima, including possible diffraction angle-dependent broadening of the Bragg peaks due to 

size and strain effects63. For each sample, refinement was first performed on the patterns 

corresponding to the unirradiated samples, using initial peak profile parameters (e.g., Cagliotti 

coefficients) measured from the CeO2 calibrant. Isotropic displacement parameters and 

occupancies were refined for each crystallographic site, although the refined occupany fractions 

were typically 1.0 or similar and no significant systematic reduction in the occupancy of any site 

was observed with increasing ion fluence. To model the preferential formation of irradiation-

induced phases in specific crystallographic orientations the March model64, which introduces a 

single refined parameter representing the degree of preferred orientation, was applied. After 

refinement of patterns corresponding to each ion fluence, the refined parameter values were used 

as initial values in the refinement of patterns corresponding to the next ion fluence step. In total, 

the parameters refined for each phase at each ion fluence were: scale factor, unit cell parameters, 

peak shape function coefficients, isotropic displacement parameters, site occupancies, 

background coefficients, sample displacement, and preferred orientation parameter. Rwp values 

for the refinements ranged from 3.16 to 7.94, while those for RBragg ranged from 3.22 to 5.07. 

 The local structure and bonding of the irradiated materials were characterized by Raman 

spectroscopy. A confocal Horiba Jobin Yvon HR800 system with a 20nW He-Ne laser was used, 
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with an excitation wavelength of λ = 632.8 nm to minimize photoluminescence signal from point 

defects. A diffraction grating with 1800 grooves/mm provided a spectral resolution of 

approximately 0.01 nm. Multiple spectra were collected from randomly selected areas of each 

sample, with a laser spot size of approximately 1 µm2. Each measurement was performed for 40 

s, and each final spectrum was averaged over three measurements to reduce noise.  

 

III. RESULTS 

A. Irradiation with 2246 MeV Au ions 

 Energy deposition by 2246 MeV Au ions caused Sm2O3, Gd2O3, and Ho2O3 to transform 

from the initial C-type phase to a B-type polymorph. Representative XRD patterns from Sm2O3 

are shown in Fig. 2. Formation of the irradiation-induced phase is indicated by the growth of new 

diffraction maxima concomitant with attenuation of the initial maxima, which correspond to the 

C-type structure, as the ion fluence increases. Refinement showed that the new peaks fit well to 

the B-type structure. Evidence of this transformation was not observed in sesquioxides of the 

lanthanide elements with higher atomic number (Tm2O3 and Lu2O3). The C-to-B transformation 

entails modification of the crystal structure and symmetry, as well as an increase in density of 

approximately 10%, an unusual result considering that defect production by swift heavy ion 

irradiation causes swelling in many oxides, rather than densification14,65. 

 While all peaks in the XRD patterns collected from these three materials can be indexed 

with either the C-type or B-type structures, the relative intensities of the B-type maxima differ 

substantially from those of a well-crystallized, polycrystalline B-type material with randomly 

oriented crystallites. Furthermore, these relative intensities evolve with increasing ion fluence, 

even after the C-to-B transformation is complete. As shown in Fig. 2, the B-type (40-2) peak 
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intensity increases rapidly as the transformation proceeds, while the intensities of all other peaks 

increase more slowly. Thus, at intermediate ion fluences (between Φ = 4 × 1012 ions cm-2 and Φ 

= 1 × 1013 ions cm-2) the diffraction patterns show no evidence of the initial C-type phase, but 

also differ from that corresponding to the highest ion fluence achieved, Φ = 5 × 1013 ions cm-2, in 

that they are dominated by the (40-2) peak. Only at the highest ion fluence do the remaining B-

type peaks reach intensities commensurate with the ideal B-type phase. Similar behavior was 

observed in the other materials that underwent a C-to-B transformation (Gd2O3 and Ho2O3). Such 

deviation in relative peak intensities from that of an ideal polycrystal can be caused by variation 

in: (i) site occupancy, if the scattering contributions of specific crystallographic sites vary 

between diffraction peaks, or (ii) crystallite orientation, if the B-type phase forms preferentially 

in specific crystallographic directions corresponding to the dominant diffraction maxima. 

Changes in site occupancy with increasing ion fluence could be caused by preferential B-type 

ordering on either the cation or anion sublattices, such that scattering from specific sites 

preceded that from others. However, refinement of the occupancy fractions of all B-type sites 

showed that the deviations in peak intensity were inconsistent with changes in occupancy. 

Therefore, this behavior is attributed to an orientation dependence of the C-to-B transformation. 

The two-dimensional detector images from which the diffractograms were obtained showed 

highly homogeneous Debye rings, with photon counts exhibiting minimal variation as a function 

of azimuthal angle. This indicates that the orientation effect does not arise from poor sampling 

statistics of a textured sample, which would yield spotty Debye rings, and is instead suggestive 

of anisotropic characteristics of the C-to-B transformation. 

 The results of Raman spectroscopy measurements provide further evidence of the 

irradiation-induced C-to-B transformation in Sm2O3, Gd2O3, and Ho2O3. Representative spectra 



11	
  
	
  

from Gd2O3 are shown in Fig. 3, along with XRD patterns corresponding to the same ion 

fluences. Raman spectra from the unirradiated samples correspond to the C-type phase. They 

consisting of an intense band from the Ag+Tg vibrational modes at ~120 cm-1, along with seven 

Tg and three Eg modes, in good agreement with spectra reported in the literature66,67. At the 

highest ion fluence achieved, Φ = 5 × 1013 ions cm-2, the spectra show no evidence of C-type 

phonon modes, and instead indicate a B-type phase, again showing agreement with Raman data 

from the literature66,67. This phase nominally exhibits twenty-one Raman-active modes, including 

fourteen Ag modes from atomic vibrations in the basal (010) planes and seven Bg modes arising 

from out-of-plane vibrations, however, fewer modes are typically observed66,67, as is the case 

here. Instead, seventeen modes are apparent in the wavenumber range 110-600 cm-1, comprising 

twelve Ag modes, four Bg modes, and one Bg+Ag mode. At intermediate fluences, for which the 

XRD results show that irradiation has induced the adoption of a B-type long-range structure in a 

significant fraction of the material, the Raman signal from this phase remains weak. At an ion 

fluence of Φ = 6 × 1012 ions cm-2 in Fig. 3, for example, only a few weak, broad bands around 

175 cm-1, 265 cm-1, and 480 cm-1 provide evidence of the transformation, in contrast to the 

relatively intense signal from the B-type phase in the corresponding XRD data. Raman 

spectroscopy is highly sensitive to the coordination and local ordering of a material, as these 

govern the accessible vibrational states. This means that even minor structural distortion or 

insufficient ordering in specific crystallographic directions, which would have comparatively 

little effect on XRD measurements, can strongly attenuate Raman spectroscopy signal. Such 

attenuation is consistent with the observation, from the XRD data, that the B-type phase does not 

initially form in a well-crystallized, isotropic manner, but instead the C-to-B transformation is 

highly orientation dependent. As such, only once a structure close to that of the ideal B-type 
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phase is formed (i.e. at an ion fluence of Φ = 5 × 1013 ions cm-2 in Fig. 2) will strong Raman 

vibrational modes be observed. At lower fluences, the spectra are instead dominated by signal 

arising from the remaining, un-transformed C-type volume. 

 Analysis of the C-type and B-type phase fractions in each material, as a function of ion 

fluence, shows that the transformation rate decreases as lanthanides of higher atomic number, 

and therefore smaller ionic radius, are substituted in the sesquioxides. Comparison of diffraction 

patterns collected from the different sesquioxides at the same ion fluence, as shown in Fig. 4, 

shows qualitatively that the B-type phase fraction decreases with increasing lanthanide atomic 

number. The intensities of the B-type diffraction maxima, relative to those of the C-type 

structure, decrease substantially across the lanthanide series. Fig. 5 shows corresponding 

quantitative data on the B-type phase fractions for all samples, extracted from refinement of the 

XRD patterns. From Poisson statistics, a model for the accumulation of modified material with 

increasing ion fluence can be developed. The data in Fig. 5 are best fit when such a model is 

based on the assumption of a single-impact transformation process68,69, wherein each impinging 

ion causes a columnar volume centered on its path to transform from its initial phase to the B-

type polymorph. This yields the equation: 

( ) ( )1f e σ− ΦΦ = −       (1) 

where f(Φ) is the phase fraction of the irradiation-induced phase, σ is the cross-sectional area of 

the ion track, and Φ is the ion fluence. The observation of single-impact damage accumulation is 

consistent with the results of Hémon et al.45 for the same transformation in Y2O3 irradiated with 

swift heavy ions. The data in Fig. 5 are fit with this model, yielding track diameters for the C-to-

B transformation of 10.1 ± 0.9 nm, 4.0 ± 0.7 nm, and 3.2 ± 0.8 nm in Sm2O3, Gd2O3, and Ho2O3, 

respectively, assuming cylindrical track geometry. No such transformation was observed for 
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Tm2O3 and Lu2O3. This indicates that the amount of material transformed to the B-type phase per 

incident ion is proportional to the atomic number of the constituent lanthanide element. In other 

words, materials in the Ln2O3 system become more resistant to the irradiation-induced C-to-B 

transformation with decreasing lanthanide ionic radius. 

 The two materials containing the lanthanide cations of highest atomic number, among 

those tested, did not show evidence of formation of a B-type phase and largely retained their C-

type structure under irradiation with 2246 MeV Au ions. Fig. 6 shows representative XRD data 

for Lu2O3. For all ion fluences below Φ = 5 × 1013 ions cm-2 only diffraction maxima 

corresponding to the C-type phase were observed. At the highest ion fluence achieved, 

diffraction patterns from both Tm2O3 and Lu2O3 revealed the emergence of a new diffraction 

peak of very low intensity, seen at 2θ ≈ 8.2° in Fig. 6. The angular position of this peak is 

inconsistent with both the B-type phase, which is not known to form for either of these 

compounds, and the H-type phase, which forms at high temperature in Tm2O3 only (see Fig. 1). 

However, the low intensity of this peak and the lack of other observable peaks corresponding to 

the new structure, which indicate a very small phase fraction, make it unsuitable for refinement 

and structure determination. Raman spectroscopy (not shown) shows no evidence of irradiation-

induced vibrational modes in these materials, further suggesting that only a small volume of 

material has adopted this new structure. 

 

B. Irradiation with 185 MeV Xe ions 

 The phase responses of all materials in the Ln2O3 system to irradiation with 185 MeV Xe 

ions differ substantially from those observed under irradiation with the Au ions of higher mass 

and energy. For the three sesquioxides with lanthanides of relatively low atomic number and 
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high ionic radius, Sm2O3, Gd2O3, and Ho2O3, an irradiation-induced loss of long-range structural 

periodicity was observed. As illustrated in Fig. 7, which shows representative XRD patterns for 

Ho2O3, the dominant response to 185 MeV Xe irradiation was the production of an amorphous 

phase, as indicated by the growth of broad features characteristic of diffuse scattering from an 

aperiodic arrangement of atoms. Additional peaks of low intensity corresponding to a B-type 

phase are evident, superimposed on the diffuse scattering background, indicating the partial 

occurrence of a C-to-B transformation. However, in contrast to the phase behavior of these 

materials under irradiation with 2246 MeV Au ions, it is clear that this C-to-B transformation is 

largely precluded by the concurrent amorphization. Additionally, a portion of the C-type phase is 

retained to the highest ion fluences measured. Some volume of the sample has not been 

transformed to either the amorphous or B-type phases at these fluences, suggesting a relatively 

small ion track cross-sectional area. Raman spectra (not shown) from these samples were 

consistent with a mixture of C-type, B-type, and amorphous70 phases. 

 As was the case for irradiation with 2246 MeV Au ions, the radiation-tolerant 

sesquioxides with lanthanides of high atomic number, Tm2O3 and Lu2O3, exhibited greater 

retention of their initial C-type structures under irradiation, as compared with the other 

compounds tested. As shown in Fig. 8, neither a B-type phase nor an amorphous phase forms as 

irradiation proceeds. These materials instead exhibit a sluggish transformation to a distinct 

crystalline phase. The most intense diffraction maxima arising from the irradiation-induced 

phase are at diffraction angles of 2θ ≈ 8.2° and 14.2°. The former peak position is in good 

agreement with that of the single, low intensity peak observed in these material under irradiation 

with 2246 MeV Au ions, suggesting that the same phase forms under both irradiation conditions. 

The growth of these peaks is relatively slow, as compared with the C-to-B and C-to-amorphous 
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phase transformations observed in the compounds with lanthanides of large ionic radii. However, 

it is much more rapid, as a function of fluence, than the same transformation induced by the 2246 

MeV Au ions. 

 Refinement was performed on XRD data collected from both Tm2O3 and Lu2O3 after 

irradiation. Structure models corresponding to all known polymorphs in the Ln2O3 series were 

used, as well as those of other transition metal sesquioxides that exhibit the C-type bixbyite 

structure, such as Mn2O3 and In2O3. The only structure yielding a satisfactory fit to the 

irradiation-induced peaks was that of the Ln2O3 X-type (Im-3m) phase, which has previously 

been observed only for materials with lanthanide cations of lower atomic number than Ho. 

Additionally, this phase has never before been recovered to ambient conditions, occurring only at 

temperatures above 2400 K36,71. Thus, swift heavy ion irradiation of lanthanide sesquioxides with 

cations of small ionic radius produces a newly-observed, non-equilibrium phase. Fig. 9 shows 

representative data from the Rietveld refinement of Lu2O3 at an ion fluence of Φ = 3 × 1013 ions 

cm-2, illustrating the goodness of fit of a C-type and X-type mixture to the diffraction data. 

Measured unit cell parameters of the X-type phase were 4.0504(5) Å for Tm2O3 and 4.0312(7) Å 

for Lu2O3. This phase exhibits a body-centered cubic cation sublattice, with lanthanides in the 2a 

position, along with a highly disordered anion sublattice rich in constitutional vacancies. The 

precise positions of the anions have not been determined, due in large part to the fact that the 

formation of this phase has previously been achieved only at very high temperatures, but the 6b 

(50% occupancy), 12d (25% occupancy) and 24g (12.5% occupancy) sites have been proposed35. 

Due to the poor sensitivity of x-ray scattering techniques to oxygen, the data obtained here is not 

sufficient for determination of the anion sublattice structure. Refined X-type phase fractions for 

both materials are shown in Fig. 10, along with results from the fitting of a single-impact model 
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(Eq. 1). As is clear from quantitative analysis of the diffraction patterns, the C-to-X 

transformation occurs very slowly, as a function of ion fluence, compared with the other phase 

transformations observed in this investigation. The model yields ion track radii of 1.4 ± 0.2 nm 

and 1.3 ± 0.1 nm for the transformation in Tm2O3 and Lu2O3, respectively. In contrast to the C-

to-B transformation behavior, these values are within error of one another, such that no influence 

of lanthanide ionic radius on the radiation response of these materials is evident. 

 Raman spectra from these materials exhibit irradiation-induced changes distinct from 

those of the sesquioxides that underwent the C-to-B or C-to-amorphous transformations. As seen 

in Fig. 11, which shows representative data from Tm2O3, the vibrational modes of the 

unirradiated material correspond to a well-crystallized C-type phase, consistent with the XRD 

results. As the ion fluence increases, several broad bands grow in intensity while the C-type 

modes are attenuated. The irradiation-induced signal, which is attributed to the X-type phase, is 

similar to that of amorphous Ln2O3 materials70, which share the bands centered around 90 cm-1 

and 350 cm-1. This similarity is consistent with the formation of a highly disordered structure 

with low occupancy of anion sites. Several additional bands were observed in the X-type 

material, which are not present in the spectra of the amorphous phase, such as that at 

approximately 175 cm-1. This is, to the authors’ knowledge, the first instance in which Raman 

spectra corresponding to an X-type phase has been reported.  

 

IV. DISCUSSION 

A. C-to-B transformation 

 A transformation from the initial C-type structure to the B-type polymorph occurred in 

some materials under both 2246 MeV Au and 185 MeV Xe irradiations, although it was 
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accompanied by significant amorphization in the latter. Notable features of this transformation 

include its unique orientational behavior, with B-type ordering in the [40-2] direction preceding 

that of other orientations, its dependence on irradiation conditions, with 2246 MeV Au ion 

irradiation causing a more extensive transformation than 185 MeV Xe ion irradiation, and its 

dependence on sesquioxides composition, with materials featuring lanthanides of large ionic 

radius transforming more rapidly than those with smaller cations. To understand this behavior, it 

is essential to consider the atomistic processes that drive the phase transformation.  

 The primary effect of ion irradiation-induced electronic excitation on a material’s atomic 

subsystem, following relaxation from a state of warm dense matter, is the production of 

structural defects through the displacement of atoms. There are three intrinsic defect modes 

accessible to Ln2O3 materials: Frenkel pair formation, anti-Frenkel pair formation, and Schottky 

defect formation. These defect reactions are represented in Kröger-Vink notation as: 

•••
Ln Ln iLn V Ln× ʹ′ʹ′ʹ′ +É       (2) 

••
O O iO V O× ʹ′ʹ′+É       (3) 

× × ••
Ln O Ln O 2 32Ln 3O 2V 3V Ln Oʹ′ʹ′ʹ′+ + +É     (4) 

respectively, where an Ln3+ vacancy,	
   LnV
ʹ′ʹ′ʹ′ , and an Ln3+ interstitial,  •••

iLn , constitute a Frenkel 

pair, while an O2- vacancy, ••
OV , and an O2- interstitial, iO

ʹ′ʹ′ , constitute an anti-Frenkel pair. 

Atomistic simulations have shown that oxygen anions have the lowest threshold displacement 

energy, Ed, in these materials72. Thus, energy deposited by a swift heavy ions and subsequently 

transferred to the atomic subsystem will tend to displace more anions than cations. Displaced 

anions can localize on vacant 16c constitutional vacancy sites on the C-type anion sublattice with 

a very low increase in lattice energy. Consequently, simulations have shown that anti-Frenkel 

pair formation is the lowest energy defect mode in these materials, followed by Schottky defect 
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formation73. Frenkel defects are much higher in energy at ~9-10 eV, compared with ~4 eV for 

anti-Frenkel pairs, regardless of composition. Both anti-Frenkel pair and Schottky defect 

formation produce predominantly anion sublattice defects, further indicating that oxygen 

vacancies will be the most common form of structural damage in an irradiated Ln2O3 material.  

 An oxygen vacancy-driven mechanism for this transformation, similar to those described 

by Hyde74 for redox-driven transformations between Ln2O3 phases and related structure-types, is 

consistent with the data presented here. The C-type structure, wherein cations are coordinated by 

six anions in distorted octahedra, can adopt seven-fold, monocapped octahedral coordination of 

cations and a long-range periodicity characteristic of the A-type phase via the removal of oxygen 

atoms from some C-type (222) planes, followed by crystallographic shear of the adjacent matrix 

into the empty space left by this anion displacement. This exclusive seven-fold cation 

coordination is unstable when the ionic radii of the lanthanide cations is smaller than that of Nd 

(see Fig. 1). Thus, for such materials, this structure will spontaneously transform to that of the B-

type phase, which requires only a slight distortion of the A-type structure in the form of minor 

oxygen atom motion32,38,39,66,74. Density functional theory calculations indicate that these A-type 

and B-type structures have very similar formation energies, making the reversible transformation 

between the two energetically inexpensive75. This efficient displacive transformation gives rise 

to a B-type mixed six- and seven-fold coordination of cations. These transformation 

mechanisms, illustrated in Fig. 12a, explain how the displacement of oxygen atoms from the 

(222) anion planes of the C-type structure to the anion sublattice constitutional vacancies leads to 

the formation of a B-type phase under swift heavy ion irradiation. An oxygen vacancy-driven C-

to-B transformation is supported by the observation that synthesis of Gd2O3 materials in low 
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oxygen concentration conditions promotes the formation of the B-type phase, rather than the 

more stable C-type phase76. 

 In order for this transformation to proceed, isolated oxygen vacancies produced following 

the formation of anti-Frenkel and Schottky defects must aggregate into planar clusters, known as 

dislocation loops, on the (222) anion planes of the C-type phase. In this way, the mechanism 

described above can occur locally, allowing for nucleation of  B-type lamellae coherent with a C-

type matrix74. Such a lamella is illustrated schematically in Fig. 12b. Molecular dynamics 

simulations have shown that the oxygen vacancy is the most mobile defect in C-type Ln2O3 

materials, with migration energies around 1 eV72,77. Additionally, electronic excitation from ion 

irradiation causes ionization-enhanced diffusion in a variety of oxides, promoting the 

aggregation of defects into these clusters78,79. Oxygen vacancy dislocation loops in (222) anion 

planes have previously been observed in C-type Y2O3 thin films grown using ion beam 

processing80. 

 This transformation mechanism is consistent with the observed orientation-dependent 

formation of the B-type phase. When oxygen vacancy dislocation loops form on C-type (222) 

planes and crystallographic shear results, the material locally adopts ordering characteristic of B-

type (40-2) planes (see Fig. 12). These B-type nuclei can then grow, as more irradiation-induced 

defects are formed, but will always order initially in the B-type [40-2] direction. In the XRD data 

reported here, it was seen that the B-type (40-2) diffraction peak grew faster than other B-type 

peaks at intermediate ion fluences (see Fig. 2), as it is in this crystallographic direction that the 

material first adopts B-type ordering. This is also consistent with the Raman spectra obtained 

from materials that underwent the irradiation-induced C-to-B transformation, as signal from the 

B-type vibrational modes remained weak at these intermediate ion fluences. In the wavenumber 



20	
  
	
  

range probed, Raman signal arises primarily from vibrations in the B-type (010) basal planes67. 

Because B-type ordering is initially generated only in the (40-2) planes, significant signal from 

this phase’s Raman-active vibrational modes will not be observed until the B-type nuclei grow, 

at high ion fluences, into an isotropically well-crystallized structure. In previous observations of 

ion irradiation-induced C-to-B transformations in Y2O3 and Dy2O3, a crystallographic 

relationship between the transformed and unirradiated materials was observed46,47,49,81. In all 

cases, B-type (40-2) planes grew parallel to the C-type (222) planes, as is consistent with the 

transformation mechanism reported here. 

 The observed variation in the phase response of these lanthanide sesquioxides with ion 

beam mass and energy results from the dependence of oxygen vacancy production and the 

resulting C-to-B transformation on the energy densities produced by swift heavy ion irradiation 

under different beam parameters. The transformation occurred more extensively during 

irradiation with 2246 MeV Au ions than during irradiation with 185 MeV Xe ions. The latter 

instead induced a more substantial modification of the intial structure, primarily to an amorphous 

phase. This seemingly contradictory result, of more extensive damage resulting from irradiation 

with ions of lower energy and mass, is explained by the swift heavy ion velocity effect82. As the 

velocity of a swift heavy ion decreases, so does the radial distance from its path center which 

excited electrons reach prior to relaxation, reducing the volume within which the ion deposits 

energy to a material. For example, Meftah et al. showed that the in-track energy density 

produced during irradiation of Y3Fe5O12 with 185 MeV Xe ions was more than twice that 

produced by irradiation with 2484 MeV Pb ions82. These ion masses, energies, and velocities are 

close to those used in the present work, such that qualitatively similar proportionality between 

ion velocity and deposited energy density can be assumed. Thus, while the total energy deposited 
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per unit path length by the 2246 MeVAu ions (dE/dx ≈ 49 keV/nm for all materials) is greater 

than that of the 185 MeV Xe ions (dE/dx ≈ 30 keV/nm for all materials), the energy densities 

produced in the irradiated materials will show the opposite relation. More energy per atom is 

available for atomic displacement within the smaller energy deposition volumes produced by 185 

MeV Xe irradiation, compared with the larger energy deposition volumes corresponding to 2246 

MeV Au irradiation. Based on the identified C-to-B transformation mechanism, formation of the 

B-type phase requires only the formation of anti-Frenkel defects, produced when oxygen atoms 

are displaced. This is the lowest-energy defect process accessible to Ln2O3 materials, and should 

therefore be the predominant process over a wide range of energy densities. Furthermore, oxygen 

becomes mobile, and therefore relatively easy to displace, in lanthanide oxides at temperatures 

around 600 K, whereas cation transport is appreciable only above around 1200 K32. Thus, within 

the 2246 MeV Au ion tracks of comparatively low energy density, the C-to-B transformation 

occurs exclusively, as the necessary oxygen vacancies are preferentially produced. In contrast, 

the amorphization observed in materials irradiated with 185 MeV Xe ions requires the 

production of both anti-Frenkel pairs and high energy Frenkel pairs (i.e. the displacement of both 

anions and cations). This is consistent with the higher energy densities produced by irradiation 

with these ions of relatively low velocity. 

 With the atomistic processes controlling the irradiation-induced C-to-B transformation 

identified, the observed compositional dependence of the transformation can be understood on 

the basis of the relationship between composition, defect formation, and the transformation 

mechanism. As has been established, this transformation is driven by the production of anion 

vacancies via the displacement of 48e oxygen to the 16c site. Thus, the transformation rate, as a 

function of ion fluence, should depend on the efficiency of both anti-Frenkel pair formation and 
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the C-to-B transformation mechanism. Atomistic simulations have shown minimal variation in 

the anti-Frenkel formation energy of Ln2O3 materials across the lanthanide series73. However, 

this value expresses only the difference in lattice energy between the pre- and post- defect 

formation states, and does not account for the dynamic nature of atomic displacement or the 

associated energy barriers. The threshold displacement energy accounts for these parameters, but 

such values have not been determined for compositions across the lanthanide series. However, 

trends in the ease of anion displacement can be predicted through analysis of related materials 

properties. The packing of atoms in these materials becomes more efficient as the ionic radius of 

the lanthanide cation decreases. Atomic packing factors vary from monotonically from 0.43 for 

Sm2O3 to 0.47 for Lu2O3, based on reported unit cell parameters32 and ionic radii83. As the 

amount of “empty” space within a material decreases, greater structural distortion, and therefore 

greater energy, is required for atomic displacement to occur. Ab initio calculations37,84 and 

experiments41,42 show that this improved packing is concomitant with an increase in bulk 

modulus, which represents the resistance of a material to structural distortion. Calculations show 

that the Ln-O bond covalency increases37,85, and the Ln2O3 lattice energy decreases75,86, with 

lanthanide atomic number, with the latter result supported by calorimetric measurements87. Shifts 

in the frequency of Raman-active vibrational modes indicate an increase in the Ln-O force 

constant with increasing lanthanide atomic number66. These changes indicate stronger bonding 

across the lanthanide series, meaning improved resistance to the bond breaking associated with 

atomic displacement. Finally, oxygen mobility decreases rapidly across the lanthanide series32. 

Together, these trends suggest that the formation of anti-Frenkel pairs through oxygen 

displacement becomes much less energetically favorable as the ionic radius of the lanthanide 

cation in an Ln2O3 material decreases.  
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 Similar to this variation in the efficiency of irradiation-induced anti-Frenkel pair 

formation with lanthanide sesquioxide composition, the formation of a B-type structure is 

inhibited by a decrease in the ionic radius of the lanthanide cation. The C-to-B transformation 

involves an increase in the anion coordination of cations from a six-fold distorted octahedron to a 

seven-fold monocapped octahedron. From Pauling’s first rule88, the stability of a cation 

coordination polyhedron is governed in large part by the cation-anion ionic radius ratio, 

rcation/ranion. As the cation radius decreases, as occurs across the lanthanide series, the coordinated 

anions must move closer to one another, increasing anion-anion repulsion and lattice energy. 

Thus, the B-type seven-fold coordination of lanthanide cations by oxygen becomes less stable for 

smaller lanthanide elements, making the C-to-B transformation less energetically favorable, as is 

consistent with the positive slope of the equilibrium transformation temperature, as a function of 

lanthanide ionic radius (Fig. 1). Measured transition enthalpies are in agreement with this 

assessment, as they increase from 3.8 ± 2.6 kJ mol-1 for Sm2O3 to 16.691 kJ mol-1 for Lu2O3, as 

reported by Zinkevich33. For a sufficiently small cation, the increased Coulomb energy of the 

seven-fold coordination will render the B-type phase unstable, explaining why it is not observed 

as a polymorph for compounds with lanthanides of higher atomic number than Er (see Fig. 1). 

Consequently, the irradiation-induced C-to-B transformation was not observed for Tm2O3 or 

Lu2O3 in this work. Similar behavior has been observed in C-type Ln2O3 materials irradiated 

with light ions of low energy, for which elastic nuclear collisions are the dominant process of 

energy transfer to the material. Irradiation with 30 keV O ions induces a C-to-B transformation 

in Gd2O3, but Er2O3 retains its C-type structure under these conditions53. Similarly, irradiation 

with 300 keV Kr ions induces the same transformation in Dy2O3 and Er2O3, while Lu2O3 retains 

its C-type structure52.  
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 Similar swift heavy ion irradiation-induced crystalline-to-crystalline phase 

transformations have been previously observed in a small number of materials. Monoclinic ZrO2 

and HfO2 transform to a tetragonal high-temperature polymorph in response to irradiation in the 

electronic excitation regime9,89–91. The polymorphic monoclinic-to-tetragonal transformation in 

these materials is driven by the displacement of oxygen atoms92,93, occurring once a critical 

oxygen vacancy concentration is achieved94,95. Large concentrations of oxygen vacancies have 

been observed in irradiated ZrO2
7,96. Formation of the tetragonal polymorph also involves an 

increase in the coordination of cations by oxygen. In these respects, this transformation is 

analogous to the C-to-B transformation observed in this investigation. 

 

B. C-to-X transformation 

 With the C-to-B transformation rendered energetically inaccessible to the lanthanide 

sesquioxides with small cations, and the high bond strength and structural rigidity of these 

compounds preventing amorphization, these materials slowly transform to a non-equilibrium X-

type phase. The sluggish nature of this transformation is indicated by the very small ion track 

radii extracted from fitting of the phase fraction data to Eq. 1, indicating that each impinging ion 

forms only a very small volume of the X-type phase. This suggests a large kinetic barrier to the 

displacement of atoms and the C-to-X transformation in these materials, consistent with the 

above analysis of the composition dependence of the lanthanide sesquioxides’ radiation 

response. Furthermore, there exists no obvious relation between the C-type and X-type 

structures, as has been demonstrated for the C-type and B-type structures. This precludes the 

occurrence of a facile transformation mechanism, like that of the C-to-B transformation. 
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Therefore, the C-to-X transformation likely requires the displacement of both anions and cations 

(i.e. both Frenkel and anti-Frenkel pair formation). 

 This dependence of the C-to-X transformation on the formation of defects on both the 

cation and anion sublattices contrasts with that of the C-to-B transformation, explaining the 

differing dependence on ion beam velocity of the two processes. The X-phase formed most 

rapidly under irradiation with 185 MeV Xe ions (see Fig. 8), which produce relatively high in-

track energy densities suitable for the displacement of cations. Under irradiation with 2246 MeV 

Au ions, which produce lower energy densities, only very small X-type phase fractions (< 1%) 

were produced at the highest ion fluence achieved. This is consistent with the conclusion that 

these energy densities are too low to cause extensive cation displacement and instead cause 

primarily anti-Frenkel pair formation. These defects cannot cause a C-to-B transformation in 

compounds with lanthanide cations of low ionic radius and are not sufficient for the cation 

sublattice reordering characteristic of a C-to-X transformation. Thus, under these conditions 

Tm2O3 and Lu2O3 largely retained the C-type structure (see Fig. 6). 

 This is, to the authors’ knowledge, the first reported observation of an X-type phase of 

Tm2O3 or Lu2O3 and is the first reported instance of the recovery of an X-type Ln2O3 phase to 

ambient conditions. Previously, Lang et al. produced a material with a similar structure from the 

compound Gd2Zr2O7 via irradiation with swift heavy ions at a pressure of ~40 GPa97. This 

material had an initial pyrochlore structure, which is an anion-deficient derivative of the fluorite 

structure, like the C-type bixbyite structure. While this irradiation- and pressure-induced phase 

shares a body-centered cubic cation sublattice with the Ln2O3 X-type phase, its anion sublattice 

likely differs due to the differing stoichiometry of pyrochlore- and bixbyite-structured 
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compounds. Unlike the C-to-X transformation observed in this investigation, the pyrochlore 

compound does not form the X-type-like phase under irradiation at ambient pressure. 

 The stabilization of an X-type phase at ambient conditions is of particular interest due to 

the ionic conductivity of this phase. The very low occupancy of the X-type anion sublattice 

(between 12.5% and 50%, depending on the site occupied by the anions) means that there are 

many paths along which oxygen can migrate with small energy barriers. Consequently, Aldebert 

et al. have measured very high ionic conductivities in X-type La2O3 at high temperatures35. 

Based on the damage accumulation behavior observed here, the C-to-X transformation should be 

complete following irradiation with 185 MeV Xe ions to a fluence on the order of Φ = 1 × 1014 

ions cm-2. This would allow for the measurement, for the first time, of the ionic conductivity of 

this phase at temperatures below 2400 K. 

 

V. CONCLUSIONS 

 Dense, transient electronic excitations in C-type lanthanide sesquioxides induced various 

phase transformations, with the final phase formed showing dependence on the lanthanide 

element present in the sesquioxides, as well as the energy densities generated. For sesquioxides 

with cations of atomic number less than Tm, a transformation to the B-type monoclinic phase 

was observed. This transformation was dominant in materials irradiated with 2246 MeV Au ions, 

but was accompanied by extensive amorphization during irradiation with 185 MeV Xe ions. For 

sesquioxides with heavier lanthanides, a non-equilibrium X-type phase was produced. This 

transformation occurred more rapidly, as a function of ion fluence, for the 185 MeV Xe 

irradiation, as compared with the 2246 MeV Au irradiation. The C-to-B transformation proceeds 

via a mechanism driven by the production and aggregation of anion vacancies, while 
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amorphization and the C-to-X transformation require the displacement of both anions and cations 

in significant quantities.  

 The composition dependence of these transformations arises from the decreasing 

energetic favorability of both point defect formation and the C-to-B transformation across the 

lanthanide series. The C-to-X transformation occurs only when the formation of the B-type phase 

is energetically inhibited, due to the large ionic radius of the lanthanide cations present in the 

Ln2O3 material. The dependence of both transformations on the mass and energy of the 

accelerated ions is caused by the inverse proportionality between ion velocity and the density of 

energy deposition to the material. Thus, the transformations that require the formation of both 

Frenkel and anti-Frenkel defects (C-to-X and C-to-amorphous) occur preferentially during 

irradiation with the ion of relatively low velocity, while the transformation that requires 

exclusively anti-Frenkel pair formation (C-to-B) occurs preferentially during irradiation with the 

ion of relatively high velocity. The phase space of the lanthanide sesquioxides under the extreme 

conditions produced by swift heavy ion irradiation are related to the equilibrium high-

temperature phase space of these materials, but differs in many respects due to the unique 

kinetics associated with the relaxation of a material from a state of warm dense matter. This 

allows for the formation and recovery to ambient conditions of non-equilibrium phases, such as 

X-type Tm2O3 and Lu2O3, not accessible under conventional processing conditions. Due to their 

chemical and structural similarity, related phase behavior is likely to occur in the heavy actinide 

sesquioxides. 
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FIG. 1. High temperature polymorphism of the lanthanide sesquioxides as a function of the 

lanthanide cation’s ionic radius. Five equilibrium phases are observed in these materials: trigonal 

A-type, monoclinic B-type, cubic C-type, hexagonal H-type, and cubic X-type. Because the 

lanthanide elements have localized 4f electrons, they are chemically similar and contract with 

increasing nuclear charge. This leads to gradual variation in the stability of sesquioxides phases 

across the lanthanide series. Adapted from Coutures et al.36 

 

FIG. 2. XRD data showing an irradiation-induced transformation from the C-type phase to the B-

type phase in Sm2O3 irradiated with 2246 MeV Au ions. The transformation is indicated by the 

appearance and growth of new diffraction maxima with increasing ion fluence, Φ. The pattern 

corresponding to the unirradiated sample corresponds to a fully C-type material, with the peak 

indexing shown. At ion fluences of Φ = 4 × 1012 ions cm-2 and greater, the patterns correspond to 

a fully B-type material. At intermediate fluences, a mixture of the two phases is observed. 

Growth of the B-type (40-2) peak occurs more rapidly than that of other peaks, indicating that 

the B-type ordering occurs preferentially in this crystallographic direction. 

 

FIG. 3. Raman spectra (left) and XRD patterns (right) showing the C-to-B transformation in 

Gd2O3 irradiated with 2246 MeV Au ions. The Raman spectrum from the unirradiated sample is 

consistent with a C-type phase, while that corresponding to an ion fluence of Φ = 5 × 1013 ions 

cm-2 is consistent with a complete transformation to the B-type phase. At intermediate ion 

fluences, very weak bands matching the B-type spectrum are evident, but the spectra are 

dominated by C-type vibrational modes. A complete transformation from the C-type phase to the 
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B-type phase is also indicated by the XRD patterns. However, signal from the B-type phase is 

significantly stronger at intermediate fluences, in comparison with the Raman spectra. 

 

FIG. 4. XRD patters of all materials investigated, irradiated to an ion fluence of Φ = 1 × 1013 

ions cm-2. The B-type phase fraction, which is proportional to the intensity of the corresponding 

diffraction maxima, decreases across the lanthanide series. The two materials with lanthanide 

cations of highest atomic number, Tm2O3 and Lu2O3, show no evidence of a phase 

transformation.  

 

FIG. 5. B-type phase fractions for all materials investigated as a function of 2246 MeV Au ion 

fluence. At each ion fluence, the transformed fraction decreases with increasing lanthanide cation 

atomic number. No B-type phase fraction exists for Tm2O3 and Lu2O3 at any ion fluence, as they 

do not undergo a C-to-B transformation. The data corresponding to each material are fit with a 

single-impact damage accumulation model (Eq. 1), shown by the dotted lines. Error bars 

represent the standard deviations of phase fractions determined by refinement of multiple 

patterns.  

 

FIG. 6. XRD patterns collected from Lu2O3 irradiated with 2246 MeV Au ions. The material 

largely retains its C-type structure during irradiation, but shows a single new diffraction peak at 

the highest ion fluence achieved of Φ = 5 × 1013 ions cm-2. This peak, at a diffraction angle of 2θ 

≈ 8.2°, cannot be indexed to a B-type phase, indicating that a sluggish transformation to a 

different crystalline phase is induced in this material by irradiation with swift heavy ions. 
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FIG. 7. XRD patterns collected from Ho2O3 irradiated with 185 MeV Xe ions. The primary 

effect of irradiation is a transformation from the initial C-type phase to an amorphous phase, 

giving rise to diffuse x-ray scattering. Signal resulting from the amorphous phase is most evident 

in the broad feature centered at a diffraction angle of 2θ ≈ 8° in the diffractograms collected from 

irradiated samples. At all ion fluences, peaks corresponding to the C-type and B-type phases 

coexist with this diffuse scattering signal, indicating that some material remains untransformed 

and some undergoes a C-to-B transformation.  

 

FIG. 8. XRD patterns showing an irradiation-induced transformation from the C-type phase to a 

phase with the X-type structure in Tm2O3 and Lu2O3 irradiated with 185 MeV Xe ions. This 

transformation, which is sluggish compared to the C-to-B transformation in sesquioxides with 

lanthanides of lower atomic number, is most clearly indicated by the emergence of new 

diffraction maxima at 2θ ≈ 8.2° and 14.2° with increasing ion fluence.  

 

FIG. 9. Refinement of an XRD pattern collected from Lu2O3 irradiated with 185 MeV Xe ions to 

a fluence of Φ = 3 × 1013 ions cm-2. The simulated pattern, shown by the red line, fits well to the 

experimental data, shown by the black circles. As shown by the vertical lines marking the 

angular positions of C-type and X-type phases, the pattern is well-indexed as a mixture of these 

two phases, with only small deviations between the simulated and experimental patterns, as 

shown by the blue line.  

 

FIG. 10. X-type phase fractions of Tm2O3 and Lu2O3 as a function of 185 MeV Xe ion fluence. 

At all fluences, these phase fractions for the two materials are within error of one another.  This 
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transformation is relatively sluggish, reaching phase fractions below 50% at the highest ion 

fluence achieved. The data corresponding to each material are fit with a single-impact damage 

accumulation model (Eq. 1), shown by the dotted lines. Extrapolation based on this model 

suggests that the transformation to the X-type phase will be complete at ion fluences on the order 

of Φ = 1 × 1014 ions cm-2. Error bars represent the standard deviations of phase fractions 

determined by refinement of multiple patterns. 

 

FIG. 11. Raman spectra collected from Tm2O3 irradiated with 185 MeV Xe ions. The spectrum 

from the unirradiated sample is consistent with a pure C-type phase. With increasing ion fluence 

new, broad bands appear and grow, indicating a transformation to the X-type phase. 

Concurrently, the existing bands corresponding to vibrational modes of the C-type structure are 

attenuated. The existence of C-type peaks at the highest fluence achieved indicates that the C-to-

X transformation remains incomplete, consistent with the XRD results. 

 

FIG. 12. (a) Projections of single (1-10), (-1-10), and (010) cation (blue circles) planes in the C-, 

A-, and B-type structures, respectively, along with coordinated anions (red circles). The removal 

of every fourth (222) anion plane in the C-type structure (indicated by the horizontal dashed 

lines) by the displacement of  these anions to vacant 16c sites causes crystallographic shear of 

adjacent cation planes in the direction indicated by the arrow. This process yields A-type 

ordering, involving an increase in the coordination of cation from six-fold to seven-fold. A 

subsequent reversible, displacive transformation to the B-type phase involves minor motion of 

oxygen, yielding mixed six- and seven-fold coordination of cations. Diagonal dashed lines are 

included to highlight the similarities of these three polymorphic phases. (b) Projection of a single 
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(1-10) cation plane in a fluorite-structured material, along with coordinated anions. A fluorite 

structure is illustrated, rather than the similar C-type structure, for clarity. A vacancy dislocation 

loop and accompanying crystallographic shear of an adjacent cation plane cause local ordering 

characteristic of the A- and B-type polymorphs. In this way, the transformation process 

described in part (a) can proceed locally, allowing for nucleation of the polymorphic phase. 

Dashed lines are included to guide the eye. Adapted from Hyde74. 
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