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Abstract

We present a first principles-based, multiscale single crystal plasticity model for fcc
metals and apply it to Nickel. The model consists of a phase field approach to
dislocation dynamics (PFDD) with all its input parameters obtained from
equilibrium and non-equilibrium molecular dynamics (MD) simulations. The
atomistic information used to inform the phase field model includes: elastic
constants, dislocation core energy, crystal disregistry energy (gamma surface), and
dislocation mobility. We show that the PFDD model can be simplified to the Frenkel-
Kontorowa’s equations for straight dislocations and under these conditions an
analytical time dependent solution enables a direct connection to non-equilibrium
MD simulations. This time-dependent analytical solution provides a relationship
between dislocation mobility (ratio between dislocation velocity and applied stress)
and fundamental atomic-scale materials properties that arise from the atomistics:
unstable stacking fault energy and dislocation core energy and width. We find that
the dislocation mobility increases linearly with the ratio between the core energy
and unstable stacking fault energy in the PFDD theory.

I. INTRODUCTION

One of the central challenges in the development of a physics-based theory of
plastic deformation of crystalline materials is the incorporation of the atomic-level
fundamental mechanisms underlying inelastic behavior into continuum models that
can be used to predict the response of specimens of interest in real applications i.
Molecular dynamics (MD) and dislocation dynamics (DD) simulations, where the
evolution of individual dislocations is explicitly described, have played a key role in
filling this gap for crystalline materials during the last decadesiiiiiiv.v, MD has
provided valuable insight regarding the molecular processes that govern plastic
deformation in various classes of crystalline materials, see for example Refs. v vi vii
and dislocation dynamics is playing a key role in understanding the collective
behavior of ensembles of dislocations and how they affect overall material response
of metallic systems Vil ix x, xixii, xiii, xiv, xv, xvi, xvii, xviii gnd recently, molecular crystals *ix,
While the complete mechanical response of a material can, in principle, be
characterized via MD (assuming accurate interatomic potentials are available),
these simulations are computationally intensive and restricted to relatively small
system sizes and short timescales limiting the phenomena that can be observed
directly. On the other hand, while DD can capture scales beyond those of atomistic
methods and directly connect with most experimental measurements they need to
be informed with sub-continuum materials-specific properties and insight. Thus,
bridging the scales between MD and DD simulations is a key step towards the
development of physics-based models capable of predicting the mechanical



response of metals from first principles. In this paper we use atomistic simulations
to characterize all the input parameters of a phase field dislocation dynamics (PFDD)
model; these input parameters are associated with properties of dislocation cores
(regions near the dislocation lines where large atomic displacements call for an
atomistic description) and their mobility under external stress fields. We use this
information to determine all the input parameters of our PFDD model, extending
our previous work*to include dislocation mobility. This parameterization is
facilitated by new analytical solutions of the phase field model representing a time
dependent solution of a dislocation moving under the influence of an external
stresses.

DD methods can be divided into two groups: i) discrete dislocations methods
that explicitly track dislocation lines Vi ixx and ii) methods where dislocation lines
are represented by levels of continuous functions, including phase field and level set
methods il xiv, xv, xvi, xix_ [n the PFDD model used in this paper, dislocations are
represented by levels of a continuous phase field defined on each slip system xix xxi
that describes the relative slip between adjacent atomic planes. The temporal
evolution of the phase field is determined by a time dependent Ginzburg-Landau
equation with an energy expression that describes the total strain energy of the
ensemble of dislocations including dislocation self energies, dislocation-dislocation
interactions, their core energy and the effect of an external applied stress. In this
paper, we describe how all the terms in the energy are parameterized from
atomistic simulations, incorporated into the phase field model and how they affect
the dislocation mobility. This connection is facilitated by analytical solutions of the
PFDD solutions that provide insight into the connection of atomic phenomena and
the properties of dislocations.

The paper is organized as follows. In Section II we describe the PFDD model
including all the terms in its energetics and in Section Il we show how the
parameters and potentials are obtained from atomistic simulations. In Section IV we
present analytical solutions of the PFDD model for a straight dislocation gliding in a
crystalline material under an external stress and the time independent equilibrium
structure. In Section V we analyze the influence of the parameters derived form
atomistic simulations in the analytical solution of the PFDD focusing on the how
dislocation mobility depends on atomic-level properties. Conclusions are drawn in
Section VI.

II. PHASE FIELD DISLOCATION MODEL

In the PFDD model dislocations are represented by a set of scalar phase fields,
&(x), each scalar field is associated with a slip system (i=1,12 in fcc metals). The

phase field is integer valued and its value records the number of dislocations that
have slipped by on each location in the slip plane. The total strain energy in the
material caused by a group of dislocations can be divided into that associated with
the dislocation cores (that extends only few atomic distances away from the
dislocation line) involving large atomic distortions, and an elastic energy stored



outside the cores and that originates from the long-range strain fields of the
dislocations. These long rage elastic fields govern dislocation interactions. The
elastic energy of a dislocation ensemble can be written in compact form as il
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where E™ is the elastic interaction of the dislocations and £ is the strain energy
due to an external applied stress oc“’. Here a superimposed A represents the
Fourier transform, * represents complex conjugation, PV stands for the principal
value of the integral, A7 is the plastic distortion and can be written in terms of the

phase fields as follows:
12
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finally, the tensor A is related to the materials elastic constants:
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In Equation (2) a represents the slip plane determined by the Burgers vector,
b”  and the slip plane normal, m”, the sum over « is carried out over all the planes

in the crystalline structure and 6 is the Dirac distribution supported on the slip
plane . In Equation (3) ¢, is the tensor of elastic constants, G(x) is the elastic

Green function *ii and k; are the components of the directions in Fourier space.

The displacement jump corresponding to a dislocation sliding on the slip
plane is an integer times the Burgers vector and therefore, the phase field should be
integer valued. This condition is imposed by adding a core energy term that
describes the atomic disregistry in the core:

Eee — J'¢(§a (x))izx @

The potential (b(f(x)) can be computed using atomistic simulations from the

energy necessary to slide a block of material with respect to other on a slip plane.
This procedure is shown in Section IIl. The time evolution of the phase field is
obtained as the solution of the time dependent Ginzburg-Landau equation
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where A, is a kinetic coefficient and E=Eelas+Ecore is the total energy of the dislocation

ensemble. Analytical solutions of the time independent equilibrium structure form
of Equation (5) have been found in the past in one and two dimensions *xii. xiv, These
solutions have been employed to study, hardening, formation of dislocation pile ups
and dipoles XXIV, XXV, XXVi_

In the present work we concentrate on the time dependent solution of
Equation (5). In Section IV we show how the time dependent Ginzburg-Landau
equation for the PFDD model after a simplification of the elastic energy leads to the
Frenkel-Kontrowa’s model xvii. xxviii for a straight dislocation under applied stress.

III. INFORMING THE PHASE FIELD DISLOCATION MODEL WITH ATOMISTIC
SIMULATIONS

We use molecular dynamics to calculate the materials-specific properties
needed to inform the phase field model. All calculations are performed using an
embedded atom model (EAM) developed by Angelo, Moody and Baskes *ixand have
been shown to describe properties of importance to dislocations including elastic
constants and the staking fault energy. This potential was parameterized to
reproduce experimentally obtained elastic constants, stacking fault energy, vacancy
formation energy and the relative energy between bcc and fcc structures.

A. Gamma surface calculation

The gamma surface of an fcc crystal is the energy per unit area needed to
rigidly displace two blocks of materials relative to one another on the (111) plane x*
xxxi, [n order to build the atomistic model for these calculations we start with nickel

(Ni) unit cell with the following cell vectors: 4 =1/2a[112], &, =1/24[110]and
d, = a[l,1,1] with lattice parameter a=0.352 nm corresponding to zero pressure for
T=0 K. This 6-atom unit cell is replicated 10, 20 and 10 along a, b, and c resulting in a
simulation cell with 12000 atoms and dimensions 4.3x4.9x6.1 nm3. Periodic
boundary conditions are imposed along the @, and a, directions and open
boundaries are enforced along @, To obtain the unrelaxed gamma surface we rigidly
displace the top and bottom halves of the system relative to one another parallel to
the (111) plane and computing the snap energy of the resulting configurations, see
Fig. 1(a). Steps of 0.0084 nm are used along the g, and a, directions respectively.
The energy difference between such configurations and that of the initial structure
normalized by the cross-sectional area is the gamma surface energy. Figure 1 (b)

shows a contour plot of the resulting unrelaxed gamma surface for Ni. The relaxed
gamma surface is calculated from the prior configurations via a constrained atomic



relaxation via energy minimization. To preclude the system from falling back into its
equilibrium configuration atoms are constraint to moving only parallel to the a,

axis. Furthermore, we fix the atomic positions of the top and bottom unit cells to
avoid and overall expansion or compression along the c axis, see Fig. 3.1(a). Figures
2 (a) and (b) show unrelaxed and relaxed gamma surface energies along the [110]
and [112] directions respectively.
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Figure 1 (a) Atomic snapshot for gamma surface calculation (b) 2-D map of the energy
per unit area in unrelaxed gamma surface.
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Figure 2 Energy per unit area for a displacement along the (a) [110] direction and (b)
[112] direction.

B. Dislocation structure and core energy

Figure 3 shows an atomic snapshot of a dipole of edge dislocations with
Burgers vector: b:1/2a[110] on the (111) plane. The dislocation dipole was

created starting with a simulation cell obtained by replicating the 6-atom unit cell
described above 5x29x20 times along ¢, @, and a, and displacing atoms according

to the elastic strain caused by the dislocations; the details of this initial structure is



unimportant other than the presence of two dislocations with the desired Burgers
vectors since the structure will be fully relaxed using MD and minimization
techniques. In this case we use the lattice parameter corresponding to T=300 K. As
expected in fcc metals atomic relaxation leads to the dissociation of dislocations into
partials separated by a stacking fault ribbon; light dark spheres in Fig. 3 represent
atoms with hcp environments that denote the stacking fault between partials. Now
our goal is to identify the core region (where elasticity theory does not apply due to
the large atomic displacements) and compute its energy. Several approaches have
been used in the past to separate the total strain energy into core and elastic
contributions from atomistic simulations; one method involves computing
analytically the elastic energy for a simple dislocation structure and subtracting it
from the total energy**ii and other authors used atomic displacements to define the
core region.xxii Here we use a method based on atomic strain energies developed
for bcc metals*xivand that was shown to be consistent with the approach described
in Ref. xxii, see also Ref. *.The total energy of a system described with an EAM
potential can be unambiguously divided into atomic contributions and we defined
the atomic strain energy as the energy of a given atom with respect to the ground
state value (perfect fcc structure at zero pressure in our case). Figure 4(a) shows a
histogram of the distribution of atomic strain energies for our dislocation dipole cell;
these represent atomic strain energy caused by the presence of the dislocations. We
see a large number of atoms with relatively low strain energies; these atoms are far
from the dislocation lines and their strain stems from their elastic fields. The atoms
with highest strain energy represent the dislocation cores®xv; as previously done
for bcc metals and based on the energy histogram we define the dislocation core to
be the 22 highest-energy atoms per dislocation and per unit cell length along the
dislocation line [1/2 [112]]; dark spheres in Fig. 3 denote core atoms as obtained by
this definition. The core energy is, then, simply the sum of the atomic energy of core
atoms per unit length; we obtain a value of 0.28 eV/A. As expected this value is
slightly higher than that of the screw dislocation in Ni [xx,xxxv]. Figure 4(b) shows
the atomic energy of atoms as a function of their location along [110]. The cores of
the two partials and the stacking fault separating them are clearly seen; the vertical
line indicates the energy cutoff used to define the dislocations core. As with all other
definitions there is a degree of ambiguity in the definition of core region and core
energy, authors need to specify a core radius, displacement or strain energy. We
favor the strain-energy based method since the core region is associated with
strongly deformed regions where elasticity theory would not lead to an accurate
description of the strain energy.
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Figure 3: Snapshot of two edge dislocations in Ni.
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Figure 4: Atomic energy for our relaxed simulation cell. (a) histogram and (b) [110]
direction.

C. Dislocation mobility

In order to characterize the mobility of dislocations we seek to obtain a
relationship between applied resolved shear stress and dislocation velocity. We
achieve this via non-equilibrium MD simulations where we impose a constant shear
strain rate on the system (chosen to only cause a resolved shear stress on the slip
systems of the dislocation dipole) and obtain the corresponding steady state stress



required to maintain the deformation. The deformation is imposed by modifying the
simulation cell parameters during each MD step leading to the following temporal
evolution:

a, @ 0 0 (6)
Lol=l o b 0
23 0 wu,t ¢

This leads to a shear strain rate of ucen/bo. The velocity of each dislocation can then
be obtained noting that for time (¢) that satisfies u_,#=2b (where b is the Burgers
vector) each dislocation moved, in average, by a distance bo. Thus the average
dislocation velocity u, is related to cell velocity by

b (7)

_ 0
Ugig = Ucen 2_b

We performed MD simulations with strain rates ucen/bo varying from 5x108
to 1.1x1010 1 /s leading to dislocation velocities between 0.09 and 1.93 nm/ps. The
MD simulation time for each case is such that the total strain achieved is 1.0 and the
shear stress is averaged over the last 25% of each run. Figure 4.5 shows the
dislocation velocity as a function of the applied shear stress obtained from our
simulations. For small applied stresses the dislocation velocity is approximately
proportional to stress indicating, as expected at room temperature for fcc metal, a
small or non-existent Peierls stress (the minimum stress required for dislocation
motion). As the dislocation velocity increases lattice resistance does so as well and
the slope of the dislocation velocity-stress curve decreases. Under these conditions
dislocations cannot reach the sound speed of shear waves given by 2.358 nm/ps;
this forbidden velocity is shown as a dashed line in Fig. 5. Our results are in good
agreement with prior MD simulations by Olmsted et al. x»xvi



)

230

E

254 _____ forbidden velocity
=

= 2.0 - - .

g= R

o 19 ™

= .

s ' 2

© 0.5 1 °®

Tc:; 00 % : : ‘ ‘ -

S 0O 100 200 300 400 500 600

resolved shear stress (MPa)

Figure 5 Dislocation velocity as a function of stress for an edge dislocation in Nickel.
IV. Analytical solutions for straight dislocations

Here we obtain the time dependent solution of the temporal evolution of the
phase field, Equation (5). In particular, we focus on the propagation of straight
undissociated and dissociated dislocations under an external applied stress.

The energy of a dislocation ensemble can be obtained by adding Equations 1
and 3 and can be simplified by considering a single slip system as i

E[&(x.y)]= k[ £(x.p)] - [brp[ &) ]dx + [ o[ E(x.y)]d 5)

The first term in Equation 8 corresponds to the dislocation-dislocation interactions
and can be written in compact form as follows il

k2

b
el 4| i ©

where we consider the Burgers vector in the x direction, and the slip plane normal
to the z direction. In Equation (9) v is the Poisson ratio. The phase field
representing a single straight edge dislocation in the y direction is a step function
away from the core, i.e.,
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where Xg is the location of the dislocation line and A is the core width, under this
condition &(x)e [O,I]and the phase field description depends only on the x

coordinate, rendering a 1D problem. As a further simplification we will replace the
non-local elastic interaction between the dislocations in Equation (9) by

<E0]=] ﬁ@—f}z d’x -

Equation (11) accounts for the dislocation length and even though it does not
include the exact form of the elastic dislocation-dislocation interaction is a good
approximation in the case of a single straight dislocation. These approximations
render the same energy form introduced in the model of Frenkel and Kontorowa xxvii
xxviii gnd in gradient plasticity models xxvii, xxviii where long-range elastic interactions
are replaced by higher order derivatives of the strain. In the past we have found
approximations of the parameter # by comparing the solutions obtained with the
elastic energy given in Equation (9) and solutions obtained with this approximation
[xxiii]. ~Here, f is informed from atomistic simulations to account for the
dislocation core energy.

The second term on the right hand side of Equation (8) is the interaction of
the dislocations and an external stress field, 7 (the resolved shear stress on the slip
system of the dislocations). In order to smooth the profile of the phase field and to
find analytical solutions following **ixwe consider a fourth order polynomial for

o[ £(x)]of the form
o £0)]=3¢ (1)-28 )+ () (12)

Finally, the third term in Equation (8) describes the disregistry of the crystal
and the potential ¢(§(x)), is the gamma surface calculated from atomistic

simulations in Section 3.1 (Figures 1 and 2). Under these approximations the time
dependent Ginzburg-Landau equation (Equation 5) reduces to

06 _ [ 596, 90l¢] 99[<])
a T A e e ) (3)

It is interesting to note that the energy in the PFDD model for a straight
dislocation renders the Frenkel Kontorowa model when long-range dislocation
interactions are replaced by the gradient term. While we recover Peierls-Nabarro
dislocation model if we keep the long-range elastic interaction (Equation 9) ! xli,
These simplified models have recently been applied to study steady *xiv.xlii and time
dependent dislocation evolution xliii, xliv, xlv, xlvi, xlvii,

10



In the following sections we derive different expressions for (z)(f(x)) to
represent the gamma-surface and we find the analytical solutions of Equation (13).

A. Undissociated dislocation: equilibrium structure and steady state
propagation under an external applied stress

For an undissociated dislocation the crystal disregistry energy term
(Equation 4) can be approximated by a sinusoidal function that fits the gamma-
surface in the [110] direction shown in Figure 2(a). Here we approximate this
potential by the following fourth order polynomial

$(§(x))= Csin® (75(x))= ¢.&" () (1~ &)Y (14)
where C is the unstable stacking fault energy computed from atomistic simulations
in Section 3.1. The time independent solution of Equation (13) with the core energy
in Equation (14) is

__ 1 (15)
6()(?)— 1+ e_\/cl—/ﬂ(X—xo)

and the time dependent solution is

(16)
1
f(x,l)= \/4cl—l3br(x_w)
1+
Ab
with a velocity v= 47—\/12 The physical interpretation of this result will be
¢, —13b7t

discussed in Section V and a detailed derivation of the solutions is presented in
Appendix A.

B. Disociated dislocation: equilibrium structure

Dislocations in fcc metals dissociate into partial dislocations separated by stacking
fault ribbons. To introduce partial dislocations in the PFDD model the crystal
disregistry energy term in Equation (8) should be modified to describe the existence
of a local minima associated with the intrinsic stacking fault, Figure 2(b). We replace
the last term in Equation (13) with a potential with a local minima at £=0,0.5and 1

The form of this potential is:

C,[80)]=C,& (-1 (4] +(5-0.5)) (7)

11



and the coefficients C, and a, are fitted to the gamma surface in the [112] direction
calculated in Section 3.1. With this energy we can again find a closed form solution
for the time independent equilibrium structure:

C[,(4af,+1) \ 1 Cp(4a;+1) ( 1 Cp(4ai+1) \2 (18)

V. CONNECTION BETWEEN PHASE FIELD AND ATOMISTICS

In this Section we use atomic scale properties obtained from the MD
simulations with the analytical solutions for a straight dislocation gliding on its slip
system (Equations 15-16) and partial dislocations (Equation 18) obtained in Section
IV. This connection provides useful insight into the relation between atomic
phenomena and dislocation properties.

A. Obtaining crystal disregistry energy from the gamma surface for compact
and dissociated dislocations

As described earlier, the crystal disregistry potential enforses the jump in the
displacement, &(x), to take integer values via an energy penalty for non-integer
values. This term represents the energy required to homogeneously increase the
phase field value, i.e. slide two consecutive atomic planes with respect to one
another. Thus the parameter C in Eq. 14 is obtained from the atomistic gamma
surface shown in Fig. 2. In its simplest form the phase field does not consider the
dislocations dissociating into partials and, consequently the disregistry potential
should describe the gamma surface associated with displacement along [110], see
Fig. 2(a). Therefore, from our MD simulations of the relaxed gamma surface, the
coefficient C in Equation (14) takes the value 0.653 J/m2. When the crystal
disregistry energy term is approximated by a fourth order polynomial potential, Eq.
14, the resulting coefficient is c;=16C=10.448 J/m?. Figure 6 shows this energy
computed from atomistic simulations (squares) together with fits to a sinusoidal
function and the fourth order polynomial used in the analytical solution in the phase
field.

12
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Figure 6: Stacking fault energy calculated from atomistic simulations and sinusoidal
and polynomial approximations used in the phase field simulations.

In order to extend the PFDD model to describe the dissociation of full dislocations
into partials, the crystal disregistry potential is obtained from the gamma surface
associated with a displacement along the [112] direction shown in Figure 2(b). A
complete description of the gamma surface in Fig. 1(b) requires multiple phase
fields on the slip plane *iii but in order to obtain analytical solutions in this paper
we restrict the description to a single phase field in 1D. Thus, the gamma surface
along the two [112] directions that represent the partials is projected into the [110]
direction. Figure 7 shows the gamma surface obtained from MD simulations and the
fitting incorporated in the phase field model (sixth order polynomial). It is clear
from Fig. 7 that the disregistry energy exhibits a local minimum at £=0.5 that
represents the presence of a stacking fault, this is the driving force for the
dissociation of the dislocation into two partials. We fit the sixth order polynomial in
Eq. 17 to the stacking fault energy computed with atomistic simulations and we
obtain C,=75 J/m?and a,=0.14. As will be shown below this energy leads to a wider
core with two partial dislocations.

13
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Figure 7: Disregistry energy in the direction [112] from atomistic simulations and
fitted with the phase field model.

B. Core energy and dislocation core width

The last PFDD parameter that needs to be obtained from atomistic simulations is 3,
associated with the elastic energy term and we find its value using the dislocation
core energy. The core energy in the phase field model is computed as the energy per
unit length of a straight dislocation calculated from Eq. 15 is:

E — 4 /3JC (19)

The core energy per unit length of a dislocation obtained from atomistic
simulations is Ecre=(0.28 eV//A leading to a value f3=1.1 eV.

With the PFDD fully parameterized we can now explore the predicted dislocation
structure. We define the dislocation width in the PFDD model as the distance
between the points where a line with the maximum slope of the phase field profile
intersects the values 0 and 1. For zero applied stress we obtain:

. B (20)
d&(x)/ dx C

For f=1.1 eV we obtain a dislocation core width A =2.16 from Equation (20) which
is consistent with what it is typically observed in simulations of undissociated
dislocations **iv. Figure 8 shows the profile of the dislocation simulated with the
PFDD model for #=0.5, 1.0 and 2.0 eV showing an increase of core width as 3
increases.

X=X
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Figure 8: Influence of B on the core width of a perfect dislocation simulated with the
PFDD model.

To describe the dissociation of dislocations into partials we incorporate the crystal
disregistry energy fit shown in Figure 7 into the analytical solution of the partial
dislocations given by Equation (18). Figure 9 shows the profile of the phase field
solution of partial dislocations for £=0.5, 1.0 and 2.0 eV. The width of the stacking
fault region separating the two partial dislocations is underestimated due to the fact
that, in order to obtain the analytical solution of Equation (18), the elastic force
between the dislocations is replaced by a gradient term in Equation (11) leading to
an underestimation of the repulsion between the two partials.

£(x) 10,

08r-

Figure 9: Influence of B on the profile of partial dislocations simulated with the
PFDD model.
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C. Dislocation mobility

We calculate the kinetic coefficient, /4, in the Ginzburg-Landau equation, Equation 6,
by comparing the dislocation velocity as a function of critical resolved shear stress
from atomistic simulations with the velocity of an isolated dislocation in the PFDD
approximation given by Eq. 16. A value of A=8-10"1/Js leads to phase field

predictions that match the linear region of the atomistic simulations, see Fig. 10. Our
mesoscale model does not include dissipation and, consequently, the phase field
does not capture the decrease in mobility for large applied stresses. This does not
represent an important limitation of the mesoscale model since under most
conditions (with the exception of extremely high strain rates, such as those in
shockwaves, or for extremely low dislocation densities) dislocations move with
velocities in the linear region of Fig. 10.

vinm/ps]
2 -

1.5 1

m Atfomisifc
05 - —— Phase-Field

0 - g[MPd]
0O 50 100 150 200 250

Figure 10: Dislocation velocity from atomistic and phase field simulations.

We can rewrite the expression for the velocity in Eq. 16 to study its explicit
dependency on the core energy, the unstable stacking fault energy and the core

width, as:
vq bl oy
\N64C —13b7
For the stress range in which our approximation is valid, 7 <120MPawe have
bt = Cand we can express the Velocity as:

/u; \f L A——/ibrE 22)

In the regime where dlslocatlon Veloc1ty increases llnearly with the applied resolved
shear stress we define the dislocation mobility as the slope between these two
quantities:
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Equation 23 provides interesting insight between atomic properties and dislocation
properties and quantifies how stacking fault and core energy affect dislocation
mobility. The model predicts that the dislocation mobility increases linearly with the
core width and with the ratio between core energy and unstable stacking fault
energy. Figure 11 shows a response surface of the dislocation mobility with respect
to core energy and unstable stacking fault; the plot is performed around nominal
values of C and Ecre obtained from atomistic simulations. We find that an
uncertainty of 50% in the unstable fault energy, typical in atomistic simulations,*xxi
leads to a change in dislocation mobility of approximately 50%.

(23)
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Figure 11 : Dislocation velocity as a function of the unstable stacking fault
energy, C, and the core energy, Ecore,

VI CONCLUSIONS

In this paper we describe a multi-scale single-crystal plasticity model for fcc
metals where all parameters of a phase field-based dislocation dynamics model are
determined from atomistic simulations. We extend our prior work in three
important aspects: i) we include partial dislocations by modifying the crystal
disregistry energy term to include the presence of a local minima between the
period of the underlying crystal and that represent stacking faults in fcc; ii) We
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characterize the relation between the core energy and the core width; and iii) The
dislocation mobility parameter in the phase field is obtained from non-equilibrium
MD simulations.

Another contribution of this work is establishing the connection between the
phase field and the Frenkel-Kontorowa model that enables analytical solutions the
time dependent evolution of single straight dislocations under an applied external
stress. These analytical solutions enable a direct parameterization of the PFDD
model from atomistic simulations and provide insight regarding the connection
between atomic-level properties and dislocation structure and mobility. We find the
dislocation mobility to be proportional to the dislocation core width as well as the
ratio between core energy and unstable stacking fault energy. These analytical
relationships are very useful in uncertainty quantification efforts since they provide
a simple relationship between quantities of interest (such as dislocation mobility)
and input parameters.x

Finally, we stress that each parameter in the PFDD model is related to a well-
defined property or processes that can be computed from atomic level simulations.
This one-to-one correspondence leads to a physics-based, predictive model to
predict the mechanical response of single crystalline materials with no adjustable
parameters. We foresee that models with such characteristics will be increasingly
useful to explore materials or conditions where experimental characterization is
costly or difficult and to guide the design of new materials.
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Appendix A: Analytical solutions of the time dependent Ginzburg-Landau
Equation

The total energy of a dislocation ensemble is represented by sum of the elastic and
core energies

E — Ecore +Eelus (Al)

Replacing Equations (11), (13) and (14) in (A.1) the energy of a straight
undissociated dislocation reduces to

A& 2 (A.2)
E[f]zslgﬂ[l—s3§+s4gﬂ]+ﬁ W
where, 5, = ¢, —3b7, 5, = b7, s, =42 g2 , S, =1+3%2,
S5 Sy S5
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We rescale the variables to present Equation (A.2) in dimensionless form. The
dimensionless energy and the normalized phase field are

2 (A.3)
g=FE=B -+ +{%§}

and
{=H¢
3
where F'= 4—4, B= S—;‘, H =S—4. Introducing new spatial and time variables by the
S35 S3 3
equations
H A4
b (A9)
BF
2
0= AH t
F
The dimensionless Ginzburg-Landau equation results
(A.5)
% __%
0 o¢
We can define the energy per unit length of the dislocation as:
(A.6)

G=ngy

N

The equilibrium condition, i.e., the extreme condition in Equation (A.6) is
determined from the Euler-Lagrange equations *lixas

dg_9(dg) (A7)
o¢ " op\ag)

| _ | _,

oc’l,, 9,

0
If we consider the time independent solution, i.e., a—g =0 we obtain

g—jafg[;]—‘go (A8)
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d
where go is an integration constant and a—g =0 if g[{]: g, - Therefore,
y

g[{(.)]=2[¢0n)]=2, (A.9)

We can integrate Equation (A.8) to obtain !

d¢
;3 +§4 — 8o

(A.10)

y©)=] N = /()

where f({) is the incomplete elliptic integral and Equation (A.10) can be inverted
to obtain the expression for the phase field profile, {(y).

Now we consider the case where ;L, =land éLo =0 and s2=0 ,i.e., zero external

stress and we obtain the solution

1 (A.11)
f(x)— 14+ e_Jq—/ﬁ(x_Xo)
In the phase field model dislocations are represented by integer jumps in the value of the
phase field. Equation (A.11) is a step function centered at X, and it, thus, represents a
straight dislocation at x( with dislocation line in the direction y.
The solution of a propagating perfect straight dislocation under an applied
constant stress can be obtained by generalizing Equation (A.11) to

A (A12)
- e—\/%zw[z]

where we replaced (x-Xo) with z = x - vt, v being the dislocation velocity. Equation (A.12)
represents the same step profile given in Equation (A.11) traveling with a velocity c. F(z)
in Equation (A.12) is a function that can be determined as follows Error! Bookmarknot
defined. We replace Equation (A.12) in the Ginzburg-Landau equation and we obtain:

(

[ (A.13)
klsz —v \/% +cF'[z]- 44 \/%ﬁF’[z] + 2ABF[z]* + 278 "[z]j e \/;

J{—v \/% +cF'[z]+ 4/1\/%&*'[2] —2ABF[z] + 248 ”[z]) eT1=0

Then we require the coefficients of the powers of e V7 and ¢ in Equation (A.13)
to vanish, therefore we obtain the following simultaneous equations for dF/dzand

d*F | dz*.
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vy/ds, —s, +& (A.14)
Flz]=- ﬁmM E Fia= S—ﬂ1+—" 4;\1/;2

Vx/er As,
Flz]= ,53/24/1 B pa= % ~ \/4;\1/,:8 S,

These equations are quadratic in dF/dz and signs are chosen such that vs;>0 and
dF | dz =0 for s,=0.

Vy/4s, —s, N As,
dr” g B dr _ ﬂ_\/451_52

(A.15)

dz* 42 Az B 2B
Since dF/dz is constant, then d2F/d?z=0, which determines the interface velocity as

B (A.16)

4s, -,

Finally, we obtain for a straight dislocation traveling under the influence of an
external stress

(A.17)
1

\/4c1—l3br
1+ *#

s(nt)=

(x—vt)

Equation (A.17) is a traveling wave with velocity c that represents a straight
dislocation located at x-ct at time t. Similar solutions were found in the past to study

the interface propagation in stress induced martensitic transformations Error!
Bookmark not defined._
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